Study of direct laser fabricated high entropy alloys by Joseph, Jithin
 Study of Direct Laser Fabricated High 
Entropy Alloys
By
Jithin Joseph
B.Tech (Mech. Engg.), M.Tech (Materials Engg.)
Submitted in fulfilment of the requirements for the degree of
Doctor of Philosophy
Institute for Frontier Materials
Deakin University
March 2016
 
DEAKIN UNIVERSITY
ACCESS TO THESIS-A
I am the author of the thesis entitled 
Study of Direct Laser Fabricated High entropy alloys
submitted for the degree of Doctor of Philosophy (Engineering- S915)
This thesis may be made available for consultation, loan and limited copying in accordance 
with the Copyright Act 1968.
'I certify that I am the student named below and that the information provided in the form is correct'
Full Name: ........................................ Jithin Joseph .....................…………………….
Signed: ....................................                              .............................................
Date: ................................................ 24/03/2016 ....................................................
Page | 1
 
DEAKIN UNIVERSITY
CANDIDATE DECLARATION
I certify the following about the thesis entitled 
Study of Direct Laser Fabricated High entropy alloys
submitted for the degree of Doctor of Philosophy (Engineering- S915)
a. I am the creator of all or part of the whole work(s) (including content and layout) and that 
where reference is made to the work of others, due acknowledgment is given.
b. The work(s) are not in any way a violation or infringement of any copyright, trademark, 
patent, or other rights whatsoever of any person.
c. That if the work(s) have been commissioned, sponsored or supported by any organisation, I 
have fulfilled all of the obligations required by such contract or agreement.
d. That any material in the thesis which has been accepted for a degree or diploma by any 
university or institution is identified in the text.
e. All research integrity requirements have been complied with.
'I certify that I am the student named below and that the information provided in the form is correct'
Full Name: ........................................ Jithin Joseph .....................…………………….
Signed: ....................................                              .............................................
Date: ................................................ 24/03/2016 ....................................................
Page | 2
Abstract
High entropy alloys (HEA) are a relatively new metallic alloy system that have promising 
potential in high temperature applications. The extensive prior research has shown that the 
HEAs possessed an excellent combination of physical and mechanical properties compared to
conventional alloy systems. The main challenge in fabricating components of multi-principal 
high entropy alloy is ensuring the homogeneity of the system and making scalable components 
for practical applications, using conventional processing routes such as arc melting which
require several remelts and post-processing steps to achieve chemical homogeneity. However, 
studies of the fabrication of complex alloys from simple elemental powder blends are limited
even though the process enables the production of homogenous complex shaped components.
Direct laser fabrication (DLF) technique was successfully employed for fabricating bulk
AlxCoCrFeNi HEA samples for the first time from micron-sized metal powders supplied from 
various hoppers are melted and deposited in a layer-by-layer fashion with the aid of computer 
controlled high power laser. The AlxCoCrFeNi HEA is one of the most extensively studied 
HEA system. However, the studies on the mechanical properties (tensile and compressive) and 
the deformation behaviour of the FCC, FCC/BCC and BCC HEAs of the alloy system is 
limited. Also the effect of post processing treatments such as hot isostatic pressing and heat 
treatments on the microstructure, phase evolution and mechanical behaviour of the 
AlxCoCrFeNi HEAs is unclear.
DLF technique was employed in this work to produce bulk HEAs of the AlxCoCrFeNi alloy 
system with chemical and microstructural homogeneity. The work also aimed to study the 
effect of varying Al concentration on the microstructure and the mechanical properties of DLF 
AlxCoCrFeNi HEAs. All microstructures were characterised and compared longitudinal and 
transverse to the build/solidification direction by x-ray diffraction, glow discharge optical 
emission spectroscopy, scanning electron microscopy (EDX and EBSD) and transmission 
electron microscopy. It was found that the increase in amount of aluminium resulted in the 
transformation of crystal structure from FCC to BCC through a duplex (FCC+BCC) region.
The single phase FCC alloys in the system exhibited large columnar structure with strong 
<001> fibre texture along the direction of deposition and the dual phase alloys having equi-
axed grain structure with random texture, along the direction of deposition. There was observed 
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a transition in the grain morphology from columnar to equi-axed in case of the BCC alloys 
with the increase in Al concentration. The addition of Al induced greater lattice distortion in 
the HEA matrix owing to a large atomic size compared to other elements in the system, and Al 
stabilised BCC phase in the FCC matrix.
The tensile and compressive properties of the bulk samples of three alloys based on the DLF 
AlxCoCrFeNi HEAs were evaluated, where x was 0.3, 0.6 and 0.85 molar fraction of Al. This 
produced FCC, FCC/BCC and BCC crystal structures, respectively. The mechanical behaviour 
of the FCC-Al0.3 alloy was found to be similar to conventional FCC alloys with low stacking 
fault energy and exhibited excellent work hardening rate and ductility. The exceptionally high 
compressive work hardening of the FCC alloy has been attributed to profuse mechanical 
twinning, and the strong initial texture in the as-deposited material found to influence the 
mechanical behaviour of the alloy under various loading conditions. The dual phase Al0.6 alloy 
showcased excellent combination of strength and ductility and the mechanical behaviour of the 
alloy was strongly influenced by the distribution and the morphology of the hard BCC phase 
in the soft FCC matrix. The BCC-Al0.85 alloy exhibited excellent strength and good ductility 
under compressive loading owing to the large density of fine spinodal particles, but showed 
limited ductility under tensile loading. The BCC phase of the alloy system was found to deform 
by slip, whereas FCC phase deformed by mechanical twinning and accommodated large 
plasticity in the alloy compared to BCC phase.
The BCC phase in the DLF AlxCoCrFeNi HEA system is stabilised for a lower mole fraction 
of Al, compared to the arc melted HEAs in the literature. A direct comparison of the 
AlxCoCrFeNi HEAs with FCC, FCC/BCC and BCC crystal structures (0.3, 0.6 and 0.85 molar 
fraction of Al) is made to compare the effect of the difference in the solidification rates on the 
microstructure and the mechanical properties of the bulk HEAs. Strong similarities in the 
microstructure and the mechanical properties were observed between the single phase FCC and 
BCC alloys produced by both techniques, however the FCC/BCC structures differed 
significantly. This has been attributed to a difference in the solidification rate and thermal 
gradient in the melt pool between the two different techniques. DLF was concluded to be a 
successful technique to manufacture bulk HEAs and the solidification conditions associated 
with the fabrication route was found to play a crucial role in the determination of phases in the 
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HEAs. Hot isostatic pressing (HIP) is extensively used in superalloy castings to heal defects 
such as cavities, voids and hot cracking and this post processing technique was employed on 
the selected high entropy alloys by direct laser fabrication. 
Direct laser fabrication (DLF) followed by hot isostatic pressing combines the freeform 
shaping capability of laser fabrication process with the full densification capability of hot 
isostatic pressing, and was found to benefit the microstructure and mechanical behaviour of the
HEA samples. This enables the production of complex engineering components with 
homogeneous chemical composition. However, the DLF and DLF/HIP HEAs with FCC, 
FCC/BCC and BCC crystal structures in this work showed significant tension-compression 
asymmetry in strength and ductility. The tensile and the compressive behaviour of the HEAs 
were found to be strongly influenced by the grain morphology and the size/distribution of the 
second phase particles. This is the first work that analysed the effect of various factors on the 
microstructure, phase evolution, mechanical properties (tensile and compressive) and 
deformation behaviour of AlxCoCrFeNi HEAs with FCC, FCC/BCC and BCC crystal 
structures: Al concentration, processing techniques and the associated solidification rates (DLF 
and arc melting) and post processing techniques such as hot isostatic pressing. These findings 
are a good basis for further work including the optimisation of the processing parameters of 
fabrication technique (DLF) and the post processing techniques to improve the microstructure, 
grain morphology and the mechanical properties of HEAs. 
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 Chapter 1
Introduction
 
High entropy alloys (HEA) are a relatively new class of alloy that contain at least five principal 
elements, with the concentration of each element being between 5 at.% and 35 at.% [1-3]. A 
wide range of high entropy alloys with between five and twenty elements [2] have been 
examined, and many of these alloys have attracted scientific interest owing to their potential 
for applications that require high strength, thermal stability, resistance to oxidation [4],
corrosion resistance [5], wear resistance [6] and resistance to anneal softening [7]. They are 
found to be excellent candidates for high temperature structural applications, including 
aerospace and energy sector applications that require excellent strength retention over a wide 
range of operating temperatures and high strength to weight ratio [8]. High entropy alloys are 
also excellent robust diffusion barriers, especially in electronic interconnects, against the inter-
diffusion of Cu and Si [9].
Most high entropy alloys produce disordered solid solution structures.  However, some alloys 
exhibit nano-scale precipitation, usually as ordered intermetallic phases [10]. The crystal 
structure of high entropy alloys can be FCC, BCC, HCP or a combination of these, depending 
on the concentration of each component element [11]. Recent studies demonstrated that factors 
such as the enthalpy of mixing [11], valence electron concentration [12], atomic size [13, 14]
and electronegativity [15, 16] of the component elements have a strong influence over the 
preferential formation of a solid solution, rather than a mixture of intermetallic phases. This 
concept aided the development of a wide range of alloys with excellent combinations of 
physical and mechanical properties, since traditional alloy development strategies are very 
restrictive towards the corners and edges of a multicomponent phase diagram. The 
AlxCoCrFeNi high entropy alloy system is one of the most extensively studied HEA systems 
due to its excellent combination of physical and mechanical properties along with relatively 
low-cost constituent elements, and hence was chosen for the present work. The progressive 
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addition of Al stabilise BCC phase in the FCC matrix of the alloy and a range of mechanical 
properties can be achieved in the alloy system by altering the Al concentration alone.
To date, arc-melting has been used almost exclusively in the literature for fabricating bulk high 
entropy alloys. This lab-scale technique requires multiple remelting and physical inversion 
cycles to ensure the homogeneity of the sample, which is quite a hindrance in the production
of large and complex components.  Little attention has been paid to the potential for laser 
fabrication of bulk high entropy alloys. Direct laser fabrication (DLF) is a rapid 
prototyping/additive manufacturing technology which can produce engineering components 
with complex geometries with a high degree of accuracy, and is possible for a wide range of 
alloys. In DLF, a small quantity of powder is melted in-situ with the aid of a computer 
controlled high-power laser, where the moving laser beam follows a prescribed path and the 
melt pool is added in a layer-by-layer fashion to obtain the final shape of the component [17-
21]. This process is very economical for producing prototypes or components in applications 
such as aerospace, rapid tooling and biomedical implants that require low volume production 
runs [22].
Even though additive manufacturing techniques such as selective laser sintering [23] and laser 
cladding [24] were used for fabricating complex alloy samples, they require pre-alloyed 
powder. However, in DLF the elemental powders are supplied to the melt pool by different 
hoppers thereby eliminating the need for pre-alloying of metal powders. Thus the process 
ensures homogeneity of the alloy samples of multicomponent Ti-alloys and superalloys,
facilitated by the high level of local process control under optimized processing conditions
[25]. Due to these advantages, DLF was selected as the main processing route for the HEA
specimens in the present case. Since most published data comes from arc melted samples, one 
chapter of this thesis (chapter 5) is dedicated to studying the differences in microstructure and 
mechanical properties between alloys produced by these two different fabrication techniques. 
The studies on the mechanical behaviour of high entropy alloys under various loading 
conditions are sparse. It is very important in understanding the mechanical behaviour of the 
alloy system under various stress states, before employing it for practical engineering 
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applications. Most of the works in the literature employed compression tests or micro/nano 
hardness test for the evaluation of mechanical properties. However, the studies on the tensile 
properties of HEAs are limited. Tensile plasticity is a significant criteria for most engineering 
applications, even though the hardness values and compressive properties provide an indication 
of the capacity for strengthening of the alloys. Also in the case of a few HEAs, there exists a 
significant difference between tensile and compressive properties with tensile properties 
inferior to compressive properties in most of the cases. No work in the literarure addressed this 
phenomenon in HEAs. There have been limited efforts to examine the nature of dislocations 
that operate in solid solution matrix of the multicomponent HEAs with different atoms in each 
lattice point. 
 
This work aims to determine if DLF is a feasible processing route for the fabrication of 
AlxCoCrFeNi high entropy alloys. The first phase of the work involves the optimisation of DLF 
processing parameters for the production of HEA billets. These conditions will be used to 
fabricate various high entropy alloys to study the role of progressive addition of Al on the 
microstructural evolution of the AlxCoCrFeNi high entropy alloy system. 
The second phase of the work involves the comparison of selected alloy compositions, 
fabricated using direct laser fabrication and traditional vacuum arc-melting. The effect of 
processing route on the microstructural development and the mechanical properties will be 
examined.
The third phase of the work involves an in-depth study of various microstructural parameters 
and how they affect the mechanical behaviour of the selected alloys. In particular the 
tension/compression asymmetry is described. The role of various microstructural features 
including secondary phase distributions on this strength differential effect is evaluated and 
gained insight into the deformation mechanisms including twinning and slip in the alloy system 
under various loading conditions. Since the complex composition of high entropy alloys 
induces chemical micro-segregation and second phase particles, the as-cast structures are 
typically heat treated before service. Therefore the role of the post processing treatment hot 
isostatic pressing on the microstructure and mechanical properties of selected alloys are also 
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systematically studied. The results of these phases are systematically incorporated into 
Chapters 4, 5 and 6, and is discussed in detail in Chapter 7.
1.1. Outline of the thesis
 
The thesis structure and the chapter content is as follows:
 
Chapter 2: Literature review
This chapter summarises the criteria for the formation of a solid solution structure in various 
high entropy alloys (microstructure with simple lattice structure), considering the role of atomic 
size factor, valence electron concentration, elemental interactions and thermodynamic factors 
such as enthalpy of mixing. The chapter also provide a critical review of the current state of 
knowledge in the mechanical behaviour, plastic deformation and fabrication routes of various 
high entropy alloys in the literature. Gaps in knowledge are highlighted and research questions 
are proposed. 
Chapter 3: Experimental approach and methodology
This section outlines the approach to address the gaps in knowledge and provides a detailed 
description of fabrication routes employed for the production of various high entropy alloys in 
this work: direct laser fabrication and vacuum arc-remelting. Various techniques used for the
characterisation and assessment of the properties of the alloys are also discussed.
Chapter 4: Microstructure and mechanical behaviour of DLF AlxCoCrFeNi HEA
This chapter studies the feasibility of additive manufacturing (DLF) for the fabrication of high 
entropy alloys. This chapter also examines the microstructural evolution of direct laser 
fabricated AlxCoCrFeNi alloy system with the progressive addition of Al. The crystal structure, 
microstructure, chemical composition and mechanical properties of various alloys are analysed 
and discussed in this chapter. The room temperature mechanical response of various phases of 
the alloy system in the as-deposited condition under tensile and compressive loading is also 
investigated and provides insights into deformation behaviour of FCC, mixed phase and BCC 
HEAs.
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Chapter 5: Comparison of the microstructure and mechanical properties of the DLF and 
vacuum arc-melted AlxCoCrFeNi high entropy alloys 
This chapter compares the microstructure and mechanical properties of high entropy alloy 
samples prepared by DLF and vacuum arc-melting. This study was conducted to assess the 
effect of solidification parameters on the microstructure of high entropy alloy samples, as laser 
fabrication route involves rapid solidification conditions and arc-melting is associated with 
comparably lower solidification rates.
Chapter 6: Role of Hot Isostatic Pressing on the microstructure and mechanical properties of 
DLF AlxCoCrFeNi system 
This chapter studies the effect of hot isostatic pressing (HIP) on the microstructure and 
mechanical properties of additive manufactured high entropy alloy samples.
Chapter 7: General discussion
This chapter summarises the important findings of this work and bench-marks these findings 
against other classes of materials. The effect of processing technique and the solidification rate 
on the microstructural evolution and the mechanical behaviour of various HEAs are analysed 
and discussed in detail. A detailed discussion on the possible reasons for the differences in the 
tensile and the compressive properties of HEAs are also outlined in this chapter.  Finally the 
significance of twinning and second phase particles on the mechanical behaviour of various 
HEAs are also discussed.
Chapter 8: Conclusions and Recommendations for Future work
This chapter summarises the main findings and contributions to knowledge on the 
microstructure, room temperature mechanical properties and deformation behaviour of as 
produced (DLF) and hot isostatically processed (DLF/HIP) HEAs.  Finally, recommendations 
for extending the work on the HEA system, such as high temperature mechanical properties, 
grain refinement and its effect on mechanical properties and the fine tuning of the alloy 
chemistry for improved second phase particle distribution.
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Chapter 2
Literature Review
 
 
The conventional way of developing alloys include selecting one or two principal elements for 
primary properties and addition of other elements in minor quantities to confer definite 
microstructure and properties [26]. The usage of a limited number of principal elements in 
traditional alloy development strategy were due to the complex multi-dimensional phase 
diagram of the multi-component alloy system, the chances of formation of large number of 
metastable/intermetallic phases and the deterioration of mechanical properties. The history of 
multi-component alloy systems were traced back to the earlier days wherein Indian 
metallurgists developed multi-component alloys, panchaloha (Au, Ag, Cu, Fe and Pb)   and 
asta-dhatu (Au, Ag, Cu, Sn, Pb, Zn, Fe and Sb) with very high degree of precision and accuracy
for making idols [27]. Multi-component bulk metallic glasses with promising mechanical 
properties were developed during 1960’s, but they possessed amorphous structure [28, 29].
Thus the information and understanding of the traditional multi-component alloy systems were 
mostly restricted close to the corners and edges of multi-component phase diagrams [30].
The term “High entropy alloy” was first proposed by J.W. Yeh, where disordered solid solution 
structure was stabilised by the high configurational entropy of mixing (¨Sconf), due to the 
addition of five or more elements in near equi-atomic ratio [1]. Since 2004, this alloy concept 
was rapidly developed and a large volume of works were reported on the optimization of 
microstructure and properties of wide variety of high entropy alloy systems, as it was possible 
to tailor a wide variety of properties into a single alloy by the proper selection of component 
elements. The four core factors that differentiates high entropy alloys from conventional alloys 
include high entropy effect, severe lattice distortion, sluggish diffusion and cocktail effects [3,
31, 32].
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It is established that the change in ¨Sconf of a high entropy alloy should be at least 50% more 
than that of the change in entropy of fusion of pure metals [11] and by Richard’s rule, the 
entropy of fusion (¨Sfusion) for pure metals is approximately equal to R [33], the universal gas 
constant. A high entropy alloy requires at least five elements to satisfy this condition (section 
2.1.1). In case of conventional alloys, the value of ¨Sconf ranges from 0.22R in case of low 
alloy steels to 1.37R in case of multi-component superalloys. Thus the high entropy alloys are
defined as alloys with at least five principal elements with the composition of each element 
between 5 at.% and 35 at.%, yielding the formation of a disordered solid solution structure [1,
32, 34]. 7KHFODVVLILFDWLRQRIYDULRXVDOOR\VEDVHGRQ¨6conf is given in Fig. 2.1.
Figure 2.1 Classification of alloys based on entropy of mixing [34].
The lattice structure of the high entropy alloys are expected to be highly distorted because of 
the presence of numerous component elements with atomic sizes entirely different from one 
another, causing high solid solution hardening [13]. A schematic representation of the lattice 
structure of multi-component high entropy alloy is given in Fig. 2.2. The presence of different 
atoms in each lattice site caused highly fluctuating lattice potential energy in the matrix of high 
entropy alloys, which hinders atomic diffusion and caused sluggish diffusion [9, 35]. The heavy 
lattice distortion in conjunction with sluggish diffusion results in a cocktail effect with a 
combination of unexpected physical and mechanical properties in these class of alloys, which 
were entirely different from that of the constituent elements [27]. The significance of each core 
factor is discussed in detail in the following sections.
Page | 24
Figure 2.2 Schematic representation of BCC structure: (a) perfect lattice of Cr, (b) distorted 
lattice of Cr by the addition of V and (c) heavily distorted Cr lattice by the addition of 
multiple elements [13].
When compared to the traditional alloys, which are based on one or two principal alloying 
elements, HEA possess excellent combination of properties [32, 34], such as:
x Excellent strength retention over a wide range of temperatures [36]
x high compressive strength [37]
x high hardness [38]
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x good ductility [36, 39]
x excellent corrosion resistance [5, 40]
x very good wear resistance [6, 41]
x very good oxidation resistance [4, 42] and 
x resistance to anneal softening [7].
The following sections review the literature on HEAs in the fields of the thermodynamic 
foundations of HEAs, microstructural variants, properties with a focus on mechanical 
properties, deformation behaviour and the effects of processing route and post processing.  A 
particular emphasis is placed on the alloy system AlxCoCrFeNi, as this is the selected alloy 
system in this study. This HEA system is one of the most extensively studied owing to excellent 
combination of physical and mechanical properties [43-46], relatively low-cost constituent 
elements, and the ability to alter the crystal structure varying the concentration of aluminium  
In the following sections a broad range of HEA systems will be considered to demonstrate 
depth of understanding of the field.  However, a detailed and critical assessment of the work 
performed on the AlxCoCrFeNi system is contained in each section to provide a focal point for 
this dissertation.
 
2.1. Thermodynamic considerations and criteria for the formation of 
solid solution structure in high entropy alloys
 
2.1.1 Thermodynamic considerations
 
The stability of a phase in any alloy system is determined by its Gibbs free energy, denoted by
G, and is defined by the Equation 1, where H is the enthalpy, T is the absolute temperature and 
S is the entropy of the system. A phase will be in stable equilibrium at a given temperature and 
pressure, if it possesses lowest possible value of G and mathematically the first derivative of G 
PXVWEH]HUR* )URPWKHGHILQLWLRQRI*LEEVIUHHHQHUJ\WKHORZHVWSRVVLEOHYDOXHRI
G is a compromise between low enthalpy and high entropy of the system [47-49]. For a system, 
the value of Gibbs free energy of the equilibrium phase (G2) is given by Equation 2, where G1
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is the total entropy of the system before mixing and ¨Gmix is the change in Gibbs free energy 
due to the mixing of the components to form high entropy alloy system [49]. ¨Gmix can be 
determined by Equation 3, where ¨Hmix and ¨6mix represents the difference in enthalpy and 
entropy respectively, between the mixed and unmixed states.
G = H – TS eqn. 1 
G2 = G1 ¨*mix eqn. 2 
¨Gmix ¨+mix - 7¨6mix eqn. 3 
In statistical thermodynamics, Boltzmann’s hypothesis interprets the quantitative relationship 
between entropy and randomness/complexity of the system and is given by the equation 4
S = -kOQȦ eqn. 4 
 
where k is Boltzmann’s constant and Ȧ is a measure of randomness [48]. The entropy of solid 
solution consists of Sth – a thermal contribution- and Sconf – a configurational contribution. In 
the case of thermal entropy, Ȧ is the number of ways in which thermal energy of the solid and 
the resultant vibrations can be divided among the atoms and in case of configurational entropy, 
it is the number of distinguishable ways of arranging the atoms in the solution [49]. If there is 
no change in volume or heat during the mixing of components, then the only contribution to 
¨Smix is the change in configurational entropy. The configurational entropy of a phase is given 
by the equation 5 [48, 50]
   ο܁܋ܗܖ܎ =  െ܀σ  ࢔࢏ୀ૚ ܠ࢏࢒࢔࢞࢏ eqn. 5
where xi is the mole fraction of atom i, n is the number of components in the phase and R is the 
universal gas constant (R = 8.314JK-1mol-1). Thus for an ideal solution, the equation Gibbs free
energy due to mixing
   ο۵ܕܑܠ =  ܀܂σ  ࢔࢏ୀ૚ ܠ࢏࢒࢔࢞࢏ eqn. 6
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If the component elements of the system have good chemical compatibility among each other, 
¨Hmix will be close to zero and can be treated as an ideal solution and is considered to be the 
best condition for the formation of disordered solid solution. For such an equi-molar high 
entropy alloy system consisting of n elements, where n > 5, the mole fraction will be ଵ௡ and the 
equation for configurational entropy can be approximated as [1]
ο܁܋ܗܖ܎ = Rln(n) eqn. 7
The value of entropy of mixing increases with an increase in the number of components in 
accordance with above equation (Table 2.1) and the actual value of ¨Smix is even more positive 
due to the contributions from factors such as vibrational, electronic and magnetic moment
randomness [1]. This high value of T¨Smix reduces the Gibbs free energy, favouring the 
formation of random solid solution during the mixing of components at high temperature and 
these phases are stable at room temperature owing to the sluggish diffusion of atoms in the 
heavily distorted lattice of the multi-principal high entropy alloy system [1, 32].
Table 2.1 9DULDWLRQRI¨6mix in terms of universal gas constant with respect to number of 
components
No. of components 3 5 6 7 8 9 10 13
¨Smix 1.10R 1.61R 1.79R 1.95R 2.08R 2.20R 2.30R 2.57R
$SDUWIURPPD[LPLVLQJWKH¨6conf, a recent work [51] emphasised on the optimisation of the 
excessive entropy of mixing which is a function of atomic packing and atom size, for obtaining 
solid solution structure in high entropy alloys. This can be achieved by minimising the atomic 
misfit in the lattice structure of the alloy and reducing the enthalpy of mixing of the system.
The enthalpy of mixing of various atomic pairs is outlined in table 2.2. The high affinity of Al 
and Ti towards transition metals such as Ni and Co, suggested by very low enthalpy of mixing, 
caused the formation of ordered phases or even intermetallics. Thus the increased 
concentrations of Al or Ti suppresses WKHSRVLWLYHHIIHFWRI¨6mix on the ability of formation of 
disordered solid solution in an alloy system with multi-principal elements. The actual 
arrangement of atoms in the multi-component system will be a compromise that gives the 
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lowest internal energy consistent with sufficient entropy, to achieve minimum Gibbs free 
energy due to the mixing of components. In case of multi-component high entropy alloys, the 
KLJKYDOXHRI¨6mix stabilises the solid solution by reducing the tendency of atoms to order and
segregate, preventing the formation of ordered phases and intermetallics [13]. The experiments 
conducted on CoCrFeMnNi HEA system by replacing one component at a time with different 
element, thereby maintaining constant configurational entropy, proved the importance of 
enthalpy of mixing in determining the microstructure of HEA system, as each replacement 
induced a different microstructure in the system [11]. Numerous studies have reported [52-54]
the segregation of Cu to inter-dendritic regions of the AlxCoCrCuFeNi alloy system as a result 
of the high enthalpy of mixing Cu with other atoms in the system (Table 2.2), affecting 
mechanical properties.
 
Table 2.2 Enthalpy of mixing of atomic pairs in kJ/mol [55].
  Al (1.43Å) 
Co 
(1.25Å) 
Cr 
(1.28Å) 
Fe 
(1.27Å) 
Ni 
(1.25Å) 
Ti 
(1.46Å) 
Cu 
(1.28Å) 
Al 
(1.43Å)   -19 -10 -11 -22 -30 -1 
Co 
(1.25Å) -19   -4 -1 0 -28 6 
Cr 
(1.28Å) -10 -4   -1 -7 -13 12 
Fe 
(1.27Å) -11 -1 -1   -2 -17 13 
Ni 
(1.25Å) -22 0 -7 -2   -35 4 
Ti 
(1.46Å) -30 -28 -13 -17 -35   -9 
Cu 
(1.28Å) -1 6 12 13 4 -9   
The detailed study on the influence of Al on the lattice type and mechanical behaviour of 
various high entropy alloy systems such as AlxCoCrFeNi [15, 26, 43, 56], AlxCoCrCuFeNi [7]
and AlxCoCrFeNiTi [7, 57, 58] demonstrated that Al stabilises both disordered BCC and 
ordered B2 structure in the matrix, even though the latter is favoured [59]. The formation of 
ordered B2 phase rich in Ni, Al and Co is attributed to the low enthalpy of mixing of Ni-Al and 
Al-Co atomic pairs (Table 2.2).
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2.1.2. Criteria for the formation of solid solution structure
Hume-Rothery rules govern the criteria for the formation of solid solution in binary alloy 
system which includes crystal structure factor, relative size factor, chemical affinity factor and 
relative valence factor [60]. Recent studies extended this principle for explaining the criteria 
for the formation of solid solution structure in high entropy alloy systems with the aid of 
empirical relations [61]. Elements with similar crystal structure have better ability to form solid 
solution structure in high entropy alloys similar to conventional alloy systems and the final 
phase of the system was a function of the concentration of the component elements [32].
Each component in high entropy system was considered to be principle element and the 
structures of solid solution in these systems were entirely different from that of common alloy 
systems. This was attributed to the difference in atomic radius among the component atoms 
and the resultant lattice distortion of the system. The parameter which accounts the effect of 
size difference of atoms in multi-FRPSRQHQW V\VWHPZDV 'HOWD į ZKLFK LV JLYHQ E\ WKH
expression [13, 62]
઼ =  ටσ ࢞࢏( ૚ െ  ࢘࢏ ࢘തൗ࢔࢏ୀ૚ )૛ eqn. 10 
 
                                                              ࢘ത =  σ  ࢔࢏ୀ૚ ܠ࢏࢘࢏                                                                eqn. 11 
 
where xi and ri are the mole fraction and atomic radius of ith element and  ࢘ത is the average 
atomic radius of the system. The generalized observation made in the literature was that high 
HQWURS\DOOR\VIRUPVROLGVROXWLRQVIRUį< 6.6%, whereas Hume-Rothery rule for binary system 
allows a size difference up to 15% among the components for solid solution structure [13].
The electronegativity (ability of an atom to attract electron towards it in chemical bonding)
difference among the components in a high entropy alloy system is given by the expression 
[63]
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                                                  ο૏ =  ඩ෍࢞࢏( ࣑࢏ െ  ࣑ഥ
࢔
࢏ୀ૚
)૛                                                          ܍ܙܖ.૚૛
                                                               ࣑ഥ =  ෍  
࢔
࢏ୀ૚
ܠ࢏࣑࢏                                                                 ܍ܙܖ.૚૜
where xi and ߯i are the mole fraction and Pauling electronegativity of ith element and ࣑ഥ is the 
average electronegativity of the system. According to Hume-Rothery rule the components of 
the system should possess similar electronegativity in Pauling’s scale for the formation of solid 
solution. Larger difference in the value of electronegativity will lead to the formation of 
intermetallics and this condition is expected to be obeyed in the case of high entropy alloy 
system, even though no range of value ࣑ഥ was given in the literature.
It is a well-established fact that the elements should have similar valency to form solid solution 
structure and large difference in valency will lead to the formation of intermetallics. The lattice 
structure of pure metals is determined by the electronic structure in the valence shell, and 
elements such as Ni and Cu with high valence electron concentration (or almost filled d-
subshell) tend to possess FCC structure. In the case of Fe and Cr, the outer d-shell is partially 
filled and the valence electron concentration is low and this results in BCC structure with low 
atomic packing factor. Even though Al possesses FCC structure, it has a strong tendency to 
transfer valence electrons to most of the transition metals, forming strong covalent bonds [59].
A high concentration of Al can even lead to the formation of intermetallic compounds. The 
valence electron concentration in a multi-component system is given by the expression [12]:
                                             ࢂࡱ࡯ =  σ  ࢔࢏ୀ૚ ܠ࢏(ࢂࡱ࡯)࢏     eqn.14
where xi and (VEC)i are the mole fraction and valence electron concentration of ith element. It 
was observed that HEA possessed FCC structure for VEC greater than 8, BCC structure for 
values less than 6.87 and FCC+BCC dual phase structure for values between 6.87 and 8 [12].
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Thus in the case of AlxCoCrFeNi alloy system, the VEC decreases with the increase in Al 
concentration and resulted in the transformation of lattice structure from FCC to BCC through 
FCC+BCC dual phase structure. For HEA systems such as YGdTbDyLu and GdTbDyTmLu 
with very low valence electron concentration (VEC ~ 3), single phase HCP structure was found 
to be stable [64].
Few works in the literature proposed analytical models for the prediction of solid solution 
structure in high entropy alloys [14, 32, 62, 65-69]. To the best of our knowledge, the model 
proposed by Zhang et al. [8], considering the thermodynamic parameters and the effect of size 
difference among the constituent aWRPVįHTXDWLRQRQWKHIRUPDWLRQRIGLVRUGHUHGVROLG
solution in multi-component alloys is found to be in good agreement with the experimental 
results in the literature$QHZSDUDPHWHUȍZDVSURSRVHGFRUUHODWLQJWKHUHODWLYHFRQWULEXWLRQ
of change iQHQWKDOS\RIPL[LQJ¨+mixDQGHQWURS\RIPL[LQJ¨6mix) expressed as
ࢹ =  ࢀ࢓ο܁࢓࢏࢞|ο۶࢓࢏࢞| eqn. 15
ࢀ࢓ =  σ  ࢔࢏ୀ૚ ܠ࢏(܂࢓)࢏ eqn. 16
where xi and (Tm)i were mole fraction and melting temperature of ith component, respectively. 
According to this analytical model, random solid solution would form in a multi-component 
V\VWHPLIWKHYDOXHRIWKHSDUDPHWHUVȍ> DQGį< 6.6% [8, 67]. However, the lattice strain 
induced in the matrix of high entropy alloy as a result of the difference in the atomic size of 
the constituent elements significantly influenced the mechanical and physical properties. 
Taking this into account, Ye et.al. [51] proposed a geometrical model that correlated the root 
mean square value of the residual lattice strain (ξ< ߝଶ >) and the thermodynamic properties 
to explain the solid solution formation criteria in HEAs. Selected alloys from the AlxCoCrFeNi 
DOOR\V\VWHPZHUHSORWWHGRQWKHȍ- įSORW(Fig. 2.3) [45] DQGWKH¨+mix - ξ< ߝଶ > plot (Fig. 
2.4) [70], and found to be in agreement with the experimental results. The alloys used in the 
present study are Al0.3CoCrFeNi, Al0.6CoCrFeNi and Al0.85CoCrFeNi, referred to as Al0.3, Al0.6,
and Al0.85, are plotted on Figs. 2.3 and 2.4.
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Figure 2.3 The relationship betZHHQSDUDPHWHUVȍHTXDWLRQ anGį (equation 10) for 
multi-component alloys, where S, I and B represents disordered solid solution, 
intermetallic/ordered phase and bulk metallic glasses respectively [14]. Selected alloys from 
the AlxCoCrFeNi alloy system are also included.
 
Figure 2.4 7KHSORWRIWKH¨+mix versus the root mean square of residual strain (ξ< ࢿ૛ >) for 
high entropy alloys and bulk metallic glasses. Selected alloys from the AlxCoCrFeNi alloy 
system are also included.
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Thus comparing various analytical models in the literature, it can be concluded that the solid 
solution structure can be achieved in multi-component high entropy alloys by properly 
selecting the constituent elements and its composition in order to (1) minimise the lattice 
distRUWLRQHIIHFWį< 6.6% and ξ< ߝଶ >PD[LPLVLQJWKHFRQWULEXWLRQIURP¨6conf
DQGRSWLPLVLQJWKHYDOXHRI¨+mix around zero which is close to the condition for an ideal 
solid solution, equation 6 (in between -10 kJ/mole/K and +10 kJ/mole/K).
2.2. High entropy alloy microstructures
 
2.2.1. Lattice structure
 
A solid solution structure, either BCC, FCC, HCP or a combination of these, was found to be 
more stable in multi-component alloys than the complex intermetallics and ordered phases, and 
was attributed to the minimisation of Gibbs free energy by low enthalpy of mixing [11] and 
high configurational entropy of mixing [1]. The presence of nano-precipitates in the simple 
solid solution lattice in most of the high entropy alloy systems were due to the sluggish 
diffusion of atoms through the heavily distorted matrix containing multi-principal elements 
[10, 71]. Even multi-component systems with 20 principal alloying elements, including semi-
metals such as Bi, Ge, Si and Sb yielded the formation of simple solid solution with few inter-
dendritic phases [2]. Some critical factors that significantly influenced the formation of a solid 
solution in multi-component systems include atomic size, valence electronic concentration, 
difference in electronegativity of the components, chemical bond, entropy of mixing and 
enthalpy of mixing of components [8, 32]. 
 
The high configurational entropy of mixing of a high entropy alloy system is a function of the 
number of components in the alloy system and their respective mole fraction, equation 7. These 
elements were assumed to be randomly distributed in the crystal lattice of HEA systems, 
according to the statistically expected occupancy [1, 13], given in Fig.2.2. This assumption was 
supported by the studies of A.L. Mackay, where the structure of an inorganic system with a
large number of components contains solid solutions with component elements occupying the 
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lattice sites with equal probability [72]. But some of the recent in-depth microstructural studies 
of HEA systems using TEM and atom probe tomography revealed the clustering and 
segregation of elements including nano-precipitates, ordered solid solution phases and 
amorphous phases, thereby showcasing the importance of other parameters, especially enthalpy 
of mixing on the microstructure and properties of HEA system [11, 73].
Nickel equivalent (Nieq) was determined in terms of weight percentage of austenite forming 
elements and chromium equivalent (Creq) in terms of weight percentage of ferrite forming 
elements [74] multiplied by an empirically derived constant, Equations 15 and 16, respectively.
Fe-based alloys with high value of Nieq had a tendency to form a FCC matrix phase, whereas 
those with high values of Creq form a BCC matrix phase [75], and this convention was also 
found to be applicable in case of high entropy alloy systems. Various studies demonstrated that
nickel [76], cobalt [77], manganese [78], carbon [79] and copper [80] stabilized the FCC phase
in the high entropy alloy system. However, the final microstructure of the system also depended 
on the presence of ferrite forming elements such as chromium, silicon [71], molybdenum [81],
aluminium [7], vanadium [67], titanium [57], niobium and tungsten [82]. The experiments
conducted by Tung et al. on the AlCoCrCuFeNi high-entropy alloy system demonstrated that 
Co, Cu and Ni elements enhanced the formation of the FCC phase whereas Al and Cr induced 
the BCC phase in the alloy system [83]. The BCC solid solution forming TiZrNbMoVx high 
entropy system is a further example of the effect of strong ferrite forming elements on the 
matrix phase [67]. High entropy alloy systems with HCP structure was produced from 
component elements with HCP structure (e.g. YGdTbDyLu and GdTbDyTmLu [64]), and the 
components were selected in such a way that the binary phase diagrams of elements did not 
exhibit considerable miscibility in both the liquid and solid phases as well as in both solids due 
to allotropic transformation.
 
Nieq = (Ni) + (Co) + 0.5(Mn) + 0.3(Cu) + 25(N) + 30(C) eqn. 15 
 
Creq = (Cr) + 2(Si) + 1.5(Mo) + 5(V) + 5.5(Al) + 1.75(V) + 1.5(Ti) + 0.75(W) eqn. 16 
 
 
 
Page | 35
 
  
2.2.2. Microstructures in the AlxCoCrFeNi HEA system
 
Various researchers explored the influence of aluminium on the microstructure and properties 
of AlxCoCrFeNi high entropy alloy system [15, 26, 84, 85], starting with equi-atomic 
CoCrFeNi alloy with gradually increasing Al contents, clearly investigating the molar fraction 
of Al required for the evolution of various ordered/disordered phases in the system. Equi-
atomic CoCrFeNi alloy with FCC structure exhibited very good plasticity with low strength 
under tensile [86] and compressive loading [87]. The introduction of aluminium having large 
atomic radius into the CoCrFeNi alloy induced heavy lattice distortion and resulted in the 
formation of nano-precipitates with ordered L12 structure in the FCC matrix at lower 
concentrations [10] and disordered BCC precipitates in an ordered B2 phase at higher 
concentrations [59, 88]. It was observed in the literature that the arc-melted AlxCoCrFeNi high 
entropy alloy system possessed a FCC structure up to Al mole fraction of 0.45, FCC/BCC dual 
phase structure for mole fraction in between 0.45 and 0.85, and BCC structure for mole fraction 
greater than 0.85 [15, 26, 43-45, 56, 89, 90].
 
The lattice structure of the AlxCoCrFeNi alloy system strongly depends on the relative 
concentration of constituent elements. Ni, Co and Al are well known austenite stabilizing 
elements, whereas Cr is a strong ferrite stabilizing element. From the thermodynamic data in 
Fig.2.5, it is clear that Al has strong affinity towards Ni and Co, but a strong repulsive 
interaction with Cr [59]. Thus in the AlxCoCrFeNi system with high Al concentration, the 
microstructure consists of ordered BCC (B2) phase rich in Al, Ni and Co, and disordered BCC 
phase (A2) rich in Cr and Fe [88]. Also in case of alloys with high Al concentration, Al has a 
strong tendency to form covalent bond with surrounding transition metals in the system, 
resulting in the formation of clusters on nanometre scale, with very low atomic diffusivity [59].
The difference in the affinity of Al towards other constituent elements in the system, along 
with the low atomic diffusivity of the Al-transition metal clusters resulted in the formation of 
nano-crystalline structure in the spinodaly decomposed BCC phase of the AlxCoCrFeNi
system.
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Figure 2.5 Enthalpies of FCC and BCC phases in Al-TM binary systems at 800ஈC [59], where 
TM represents transition metals such as Cr, Co, Fe and Ni.
An equilibrium phase diagram for the AlxCoCrFeNi system (Fig.2.6) was developed by Zhang 
et al. [91] using a CALPHAD approach with the database obtained by the extrapolation of 
equilibrium data of the lower order constituent binary and ternary systems over the whole 
composition range. Encouragingly, this was found to be consistent with most of the 
experimental data on the AlxCoCrFeNi system in the literature. The slight deviation of 
experimental data from the equilibrium conditions can be attributed the higher cooling rate 
associated with the fabrication route. 
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Figure 2.6 Equilibrium phase diagram of AlxCoCrFeNi system with variation in mole fraction 
of Al [91], where A2 is the disordered BCC phase rich in Fe and Cr and B2 is the ordered 
BCC phase rich in Ni and Al.
A recent study [90] investigated the structural evolution of AlxCoCrFeNi alloys over a wide 
range of temperatures and found that for the alloys with mole fraction of Al in between 0.9 and 
 ı-phase nucleation starts at a870 K and dissolute at a1200 K, as evidenced from the 
endothermic curves in Fig.2.7. This was not predicted by the equilibrium phase diagram in Fig. 
2.6. 7KHIRUPDWLRQRIı-phase is associated with the disordered BCC phase rich in Fe and Cr, 
and Cr is the element that strongly influences the formation of this phase, similar to that in case 
of stainless steels [92]. A more detailed comparison of this equilibrium phase diagram with 
other works in the literature and the results obtained in the present work is performed and 
presented in section 4.3.1.
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Figure 2.7 DSC heating curves of the AlxCoCrFeNi system [90].
Considering the structure of the AlxCoCrFeNi on sub-micron or nanoscale, still ambiguity 
exists regarding the occupancy of atoms in the lattice sites of BCC phase in high entropy alloy.
But most of the researchers agreed to the fact that the ordered BCC phase could be Ni-Al phase 
with other atoms substituting Ni- and Al- sites owing to the very low value of enthalpy of 
formation of N-Al pair [15, 93]. Due to similar electronegativity and atomic radius, Fe and Co 
probably substitute Ni-sites whereas Cr substitutes Al-site. However, based on atom probe 
tomography analysis on precipitates in Ni-based superalloys with similar chemical composition 
as that of the B2 phases in AlxCoCrFeNi alloys [88, 94] and AlCoCrCuFeNi alloy [73], Fe 
preferences the Al lattice, whereas Co and Cr substitutes the Ni lattice. The basis of this 
behaviour is the electronic nature of the constituent elements: Fe, Ni and Co are electropositive, 
and Al and Cr are electronegative. Thus the proposed B2 structure in the AlxCoCrFeNi alloy 
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system can be of the type (Ni, Co, Fe)(Al, Cr), as the atoms in a lattice site will be substituted 
with another atom of similar electronegativity [95].
The disordered BCC phase of the alloy was rich in Cr and Fe, and even though EDS map 
showed a homogenous distribution of constituent elements in this phase, recent atom probe 
tomography studies in the BCC phase of AlCoCrFeNi [88] and AlCoCrCuFeNi [73] exhibited
strong anti-correlated fluctuations of Fe- and Cr-atoms over the entire phase with Fe-rich and 
Cr-rich regions of few nanometres width. This was analogous to the modulated structure 
consisting of Cr-rich and Fe-/Fe-Co rich regions owing to spinodal decomposition in Fe-Cr 
[96] and Fe-Cr-Co alloys [97].
 
The effect of microstructure on the mechanical properties of the AlxCoCrFeNi system will be 
dealt with extensively in Section 2.3.  Briefly here the effects of microstructure on the on the 
physical and other properties is discussed. The electrical and thermal conductivities of the 
AlxCoCrFeNi system [45] was very low when compared to that of constituent elements owing 
to heavily distorted lattice. These properties were also found to decrease with increase in mole 
fraction of Al, i.e. FCC alloys had higher conductivities than the BCC alloys. Chou et al. [45]
studied the relative contribution of electron and phonon to electrical and thermal properties and 
found that properties of dual phase alloys were inferior to single phase alloys because of the 
additional scattering effect of FCC/BCC phase boundaries. Kao et al. [43] studied the electrical 
and magnetic properties of the alloy system and found that the formation of ordered B2 phase 
rich in Ni and Al deteriorated electrical conductivity and ferromagnetic properties of the single 
phase alloys. The vibration damping capability of the system also followed a similar trend as 
that of the electrical, thermal and magnetic properties, where the FCC alloys exhibited excellent 
vibration damping capability and Al-rich alloys had large resistance to structural relaxation 
[44]. The corrosion resistance of the alloy was also reduced by the increase in mole fraction of 
Al, owing to the porous and inferior nature of the protection oxide film of Al in these alloys
and the selective dissolution of Al and Ni from the ordered B2 phase, especially in sulphuric 
acid solution [89].
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2.3. Mechanical properties and deformation behaviour in as-cast high 
entropy alloys
2.3.1. Compressive Properties
In much of the literature, the mechanical properties of HEA systems have been assessed in 
compressive loading. This may be attributed to the ease of fabricating compression samples 
with simple cylindrical geometry, as the vast majority of studies on high entropy alloys have
used vacuum arc melting as the fabrication route, which can produce only samples with limited 
size and simple geometry. It was clear from the literature that generally the high entropy alloy 
systems possessing FCC structure had excellent combination of strength and ductility in 
compression, when compared to those possessing a BCC structure, Fig. 2.8. However, the yield 
strength of high entropy alloys with a BCC structure were very high and comparable to bulk 
metallic glasses [57]. Generally, it was observed in the literature that, with the increase in the 
number of principal elements, strength of HEA system increased due to solid solution 
hardening, but resulted in reduced ductility [32].
Figure 2.8 Compressive properties of various high entropy alloys in the literature.
Page | 41
Focusing on the AlxCoCrCuFeNi and AlxCoCrFeNi systems, an increase in the amount of 
aluminium resulted in the formation of BCC phase in the FCC matrix, which resulted in an 
increase in compressive strength at the expense of ductility [1, 98]. The high entropy alloys 
with FCC structure such as Al0.1CoCrFeNi [99], CoCrFeNi [87] and CoCrFeMnNi exhibited 
excellent plasticity and work hardening behaviour with low yield strength under compressive 
loading. The alloys with (FCC+BCC) dual phase structure exhibited excellent mechanical 
behaviour under compressive loading. The Al0.5CoCrCuFeNi alloy [100] exhibited yield 
strength, plasticity and ultimate strength of of 460 MPa, 0.52 and 2000 MPa respectively. The 
dual phase Al0.75CoCrFeNi alloy also exhibited an excellent yield and ultimate strength of 1900 
MPa and 2300 MPa respectively, but with a limited ductility of 7% [101].
Various works in the literature conducted systematic studies on the effect of addition of various 
alloying elements such as V [102], Ti [57], Mo [103], Nb [46], Cu [104], Si [105] and C [106]
on the microstructural evolution and mechanical properties of equi-atomic BCC AlCoCrFeNi 
alloy, with the data from these numerous sources consolidated in Fig. 2.9. It was found that 
except for Cu, progressive addition of all elements improved the yield strength and ultimate 
strength of the system at the expense of ductility, Fig. 2.9(a-c). The addition of Cu to a mole 
fraction of 0.5 improved strength owing to heavy lattice distortion and a further addition of Cu 
resulted in the segregation of Cu and the stabilization of FCC phase in the parent BCC phase,
which reduced the strength and improved the plasticity [104]. Owing to the segregation effects, 
alloys with Cu additions were not included in the present study. The addition of small amount 
of Ti into the BCC matrix of the AlCoCrFeNi alloy significantly improved the compressive 
properties, in particular AlCoCrFeNiTi0.5 alloy with the yield strength, plasticity and ultimate 
strength of 2250 MPa, 23% and 3150 MPa respectively [57]. Further addition of Ti deteriorated 
the mechanical behaviour of the alloy owing to the formation of intermetallic phases. Similar 
results were observed in the case of AlCoCrFeNiVx system, where AlCoCrFeNiV0.2 alloy 
exhibited a yield strength, plasticity and ultimate strength of 1600 MPa, 25% and 3200 MPa 
respectively [102]. The addition of Mo [103] and Nb [46] had similar effect on the AlCoCrFeNi 
alloy, with improved strength and reduced ductility, as a consequence of the precipitation of 
intermetallic/Laves phases. Due to the increased microstructural complexity, alloy addition to 
the AlxCoCrFeNi system were avoided in the present study.
Page | 42
 
Figure 2.9 Role of systematic addition of alloying elements on the compressive properties of 
AlCoCrFeNi alloy: (a) yield strength, (b) elongation to failure and (c) ultimate strength (data 
consolidated from [46, 57, 102-104]).
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Owing to slow diffusion kinetics and solid solution strengthening of the heavily distorted lattice 
structure, high entropy alloys possessed excellent mechanical properties over a wide range of 
temperatures and demonstrated great potential in high temperature applications. Equi-atomic 
high entropy alloys with refractory elements such as NbMoTaW, VNbMoTaW [107] and 
TaNbHfZrTi [108] found to exhibit excellent compressive strength retention, Fig. 2.10(a-b), 
well over a temperature of 1200ஈC, better than conventional superalloys, Fig. 2.10(c).
Al0.5CoCrCuFeNi alloy system exhibited excellent resistance against anneal softening and 
retained the same compressive yield strength up to a temperature of 800ஈC [1], comparable to 
nickel based superalloys and was attributed to heavy lattice distortion due to Al addition, solid 
solution strengthening and the dispersion of nano-crystalline phases in the matrix, Fig. 2.10(d). 
The BCC AlCoCrFeNi alloy exhibited a compressive yield strength of 1400 MPa with a true 
plastic strain of 0.245 at ambient conditions [46]. However, the alloy exhibited better strength 
at lower temperature of 77 K, without much degradation in plasticity [109], thereby possessing 
very low ductile to brittle transition temperature when compared to alloys used in cryogenic
applications, such as stainless steels. It is this ability to have excellent mechanical properties at 
a wide range of temperatures that affords HEAs a wide application potential.
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Figure 2.10 Compressive properties of high entropy alloy systems at various temperature 
regimes (a) NbMoTaW, (b) VNbMoTaW [107], (c) high temperature compressive properties 
of NbMoTaW and VNbMoTaW and (d) AlxCoCrCuFeNi [1].
2.3.2. Tensile Properties
Compared to loading in compression, very few studies were performed to evaluate the tensile 
properties of high entropy alloys. The crystal structure of the HEA has a large influence on the 
resulting tensile properties. Considering first FCC High entropy alloys (e.g. CoCrFeMnNi 
[110], Al0.3CoCrFeNi [111], FeMnNiCr [112] and CoCrFeNi [86, 113]), it can be generally 
stated that alloys of this crystal structure possess low to moderate strength (yield strength: 150-
400 MPa), high ductility (elongation: 30-80%) and excellent work hardening behaviour under 
in tension, Fig. 2.11.
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Figure 2.11 Tensile properties of various high entropy alloys in the literature.
Efforts were made in improving the plasticity of FCC high entropy alloy systems by the 
addition of elements with low melting point such as Sn. Sn is a very soft metal with limited 
solubility in other elements and the introduction of this element into the high entropy system 
will lead to the segregation along the grain boundary of the multi-component matrix. In case 
of FeCoCuNiSnx HEA tensile plasticity (20%) and strength (600 MPa) was improved by the 
progressive addition of Sn up to a mole fraction of 0.05 with lot of dislocations in the deformed 
samples, including twinning [36]. Further addition of Sn resulted in the formation of brittle 
Cu81Sn22 phase, which deteriorated the mechanical properties of the system. Similar trend in 
mechanical properties and dislocation activities were observed in case of FeMnNiCoCuSnx
HEA system, where mechanical properties were degraded by the formation of intermetallic 
Cu5.6Sn phase for higher mole fractions of Sn [114].
Page | 46
Focussing on the FCC alloy of interest to the present study (Al0.3CoCrFeNi) there was some 
varation in the literature regarding tensile properties. First work on the tensile properties of this 
alloy by Shun and Du [10] showed a tensile yield strength of 175 MPa with a true strain in 
excess of 0.50 with equi-axed grain structure. But a recent work by Ma et al. [111] showed a 
higher tensile yield strength close to 300 MPa for the polycrystalline arc-melted sample which 
failed at a plastic strain around 0.30, whereas the single crystal sample by Bridgeman
solidification showcased excellent plasticity in excess of 0.80, with a low yield strength of 200 
MPa and low work hardening rate, Fig.2.12. The single crystal Al0.3CoCrFeNi alloy showcased 
a relatively smooth shear-fracture mode with large number of shear bands inclined 60ஈ to the 
tensile axis, but the as-cast sample exhibited necking and serration characteristics. 
Figure 2.12 Tensile properties of Al0.3CoCrFeNi alloy, comparing arc-melted dendritic 
sample with single crystal by Bridgeman solidification [111].
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He et al. [115] conducted a systematic study on the influence of progressive addition of Al on 
the mechanical behaviour of FCC structured FeCoCrMnNi HEA. It was observed that the FCC 
alloys of the AlxFeCoCrMnNi alloy system exhibited excellent plasticity and low strength, 
whereas the dual phase alloys exhibited a better combination of strength and ductility, Fig. 
2.13(a). The AlCoCrFeNi2.1 alloy with dual phase structure also exhibited promising tensile 
properties under tensile loading with an elongation and fracture stress of 23% and 1200 MPa 
respectively [116].
The BCC alloys of the high entropy alloy systems such as AlxCoCrFeNi [117],
AlxFeCoCrMnNi [115] and AlxCoCrCuFeNi [39] exhibited brittle failure under tensile loading 
with no signs of plasticity. The highest plasticity of a BCC HEA found in the literature was a 
refractory alloy Hf25Nb25Ti25Zr25 having a tensile yield strength of 879 MPa and a plasticity of 
14.5% [118], Fig.2.13(b). 
Figure 2.13 Tensile properties of (a) AlxFeCoCrMnNi alloy system (region I represents FCC 
alloys and region II represents dual phase alloys) [115] and (b) refractory HfNbTiZr alloy at 
room temperature [118].
Page | 48
Grain refinement found to have a significant influence over strength of HEA system, as the 
refinement of grains of vacuum induction melted Al0.5CoCrCuFeNi high entropy by 
electromagnetic stirring [119], improved the ultimate tensile strength from 616 MPa to 698 
MPa without affecting ductility of the system. The FCC structured CoCrFeMnNi alloy 
exhibited very good tensile properties over a wide range of temperatures [110], Fig.2.14, and 
the alloy with fine grain structure had very good mechanical properties over entire regime of 
testing temperatures, similar to conventional alloys and exhibited serrated flow at intermediate 
temperatures. The strength of most of the high entropy alloy systems are found to decrease 
with increase in temperature under compressive and tensile loading. The as-cast 
AlCoCrCuFeNi alloy which is brittle in nature at room temperatures, showed excellent 
plasticity (plastic strain of 0.77) under tensile loading at temperatures above 1000 ஈC, and failed 
by brittle quasi-cleavage fracture [120]. The excellent mechanical properties of high entropy 
alloys over a wide range of temperatures under tensile loading is evident in the literature [110,
121], making them ideal candidates for structural applications compared to conventional 
superalloys and stainless steels.
Figure 2.14 Tensile properties of CoCrFeMnNi alloy with (a) fine grain structure and (b) 
coarse grain structure [110].
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 2.3.3. Tension/compression asymmetry 
 
The previous two sections have comprehensively addressed the compressive and tensile 
properties of HEAs in isolation.  In fact, only one published research paper [100] on
polycrystalline HEAs has assessed both compressive and tensile properties on samples of the 
exact same material. This particular study examined arc-melted Al0.5CoCrCuFeNi alloy with a
FCC+BCC dual phase structure. The alloy had a cast dendritic structure and revealed evidence 
of tension/compression asymmetry when mechanically tested (strain rate of 8x10-4 s-1). 
Deformation in compression exhibited a yield strength of 460 MPa and a plasticity of 0.52 with 
excellent work hardening behaviour (ultimate strength ~ 1.5 GPa). However, in tension the
yield strength was only 360 MPa and the strain-to-failure dropped to 0.2 and showed only 
limited work hardening (ultimate strength ~ 700 MPa) (see- Fig. 2.15(b)). Another study 
examined the tension and compression properties of a medium entroy alloy FCC CoCrFeNi, 
having a single crystal structure manufactured by arc-melting/drop casting [122]. The single 
crystal CoCrFeNi alloy did not showcase any significant tension-compression asymmetry in 
the critical resolved shear stress and primarly deformed by slip on the {111}<110> system.
To compare tension and compression behaviour across a range of HEAs, data has been taken 
from numerous sources with common alloy systems, and the properties are summarised in 
Table 2.3.  It is acknowledged that a direct comparison is difficult as manufacturing process,
strain rate, grain size, and crystallogrpahic texture may vary between the separate studies and 
care has been taken to note the differences in the selected studies (Table 2.3). Equi-atomic 
CoCrFeNi alloy with a single phase FCC structure exhibited a very high plasticity of 75% 
under compression with yield strength of ~140 MPa DYHUDJHJUDLQVL]HaȝP, strain rate: 
1.6x10-3 s-1) [87], whereas under uniaxial tensile loading, the total elongation was 40% and 
yield strength in excess of 200 MPa DYHUDJHJUDLQVL]HaȝPVWUDLQUDWH-3 s-1) [86],
Fig.2.15(a). The equi-atomic CoCrFeMnNi alloy with FCC structure exhibited excellent 
plasticity in excess of 75% under compressive loading with a yield strength of 230 MPa and 
excellent work hardening behaviour (strain rate of 10-3 s-1 and ultimate strength > 1.5 GPa) 
[123]. Even though the tensile testing of the alloy showed a similar yield strength of 210 MPa, 
the tensile plasticity and ultimate strength were significantly less, being only 60% and 500 MPa
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respectively. The alloy also showed inferior work hardening behaviour in tension [115],
compared to compressive loading [123]. The FCC Al0.1CoCrFeNi alloy had similar plasticity 
and fracture stress under tensile and compressive loading (strain rate: 10-3 s-1), but the tensile 
yield strength was 250 MPa DYHUDJHJUDLQVL]HaȝP [124], compared to a compressive 
yield strength of 160 MPa (average grain size ~ȝP[99]. However, this could be due to a 
grain size effect (Hall-Petch relationship).
Table 2.3 Tensile and compressive properties of as-cast high entropy alloys (all alloys 
prepared by arc-melting).
 
Alloy Type of loading
Yield 
strength 
(MPa)
Plasticity 
(%)
Ultimate 
strength 
(MPa)
Notes Ref
CoCrFeNi (FCC)
Tensile 200 ~40 650 grain size ~2ȝP,
strain rate 1x10-3 s-1
[86]
Compressive 140 75 871 JUDLQVL]HaȝP,
strain rate 1.6x10-3 s-1
[87]
Al0.1CoCrFeNi
(FCC)
Tensile 250 ~55 635 JUDLQVL]HaȝP,strain rate 1x10-3 s-1 [124]
Compressive 160 ~60 650 JUDLQVL]HaȝP,strain rate 1x10-3 s-1 [99]
CoCrFeMnNi
(FCC)
Tensile 210 ~60 500 grain size ~3ȝP,strain rate 1x10-3 s-1 [115]
Compressive 230 ~75 >1400 grain size ~30ȝP,strain rate 1x10-3 s-1 [123]
Al0.5CoCrCuFeNi
(FCC+BCC)
Tensile 360 20 600 Coarse dendritic 
structure,
strain rate 8x10-4 s-1 [100]Compressive 460 52 1400
AlCoCrFeNi
(BCC)
Tensile 395 1 400
grain size ~10ȝP,
strain rate 1x10-4 s-1,
tested at 700 ࣙC
[117]
Compressive 1300 24.5 2500 grain size ~15ȝP,strain rate 2x10-4 s-1 [46]
AlCoCrCuFeNi
(BCC+FCC)
Tensile 790 0.2 790 Dendritic structure,strain rate 1x10-3 s-1 [39]
Compressive 1300 24 2100 Dendritic structure,strain rate 2x10-3 s-1 [78]
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Figure 2.15 Tension/compression asymmetry in (a) FCC-CoCrFeNi [86, 87], (b) FCC/BCC-
Al0.5CoCrCuFeNi [100] and (c) BCC/FCC- AlCoCrCuFeNi [39, 78] high entropy alloy.
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Comparing tensile and compressive data conducted in separate studies by Du et al. [119], Yeh 
et al. [1], Li et al. [78] and Kuznetsov et al. [39] demonstrated large tension-compression 
asymmetry in duplex FCC/BCC and single phase BCC alloys of the AlxCoCuCrFeNi system 
(x = 0.5 and 1.0), and very little explanation was found in literature on this aspect. The BCC 
AlCoCrCuFeNi alloy with FCC precipitates exhibited very large tension-compression 
asymmetry in plasticity with comparatively good plasticity and strength of 24% and 2 GPa 
under compressive loading [78], and brittle nature with practically no elongation during tensile 
loading under as-cast and hot forged conditions [39], Fig.2.15(c). The duplex FCC/BCC 
Al0.5CoCrCuFeNi HEA possessed comparatively less tension-compression asymmetry with a 
tensile plasticity of nearly 20% compared to a compressive plasticity of 52% [100], Fig. 
2.15(b). The BCC AlCoCrFeNi alloy exhibited excellent mechanical behaviour under 
compressive loading with a yield strength of ~1.4 GPa and a plasticity of ~25% [46]. But the 
tensile ductility of this BCC HEA is very limited (~1%), even tested at 700 ஈC [117].
Although the data is limited and with differences between the tested materials, by comparing 
data from the literature it appears HEAs (at least in the AlxCoCrFeNi and AlxCoCrCuFeNi 
systems) possess tension-compression asymmetry, and generally the asymmetry correlates to 
increased BCC content. The asymmetric nature of the deformation is suggested for strength, 
ductility and also work hardening behvaiours. This aspect to HEAs has not been addressed and
consistently there is very little explanation found in the literature. Determining tensile and 
compressive properties of FCC/FCC+BCC/BCC HEA samples manufactured by the same 
technique, and consequently the same composition and microstructure is a focus in the present 
work.  To gain insight into possible HEA mechanical behaviour, mechanisms for tension-
compression asymmetry in other materials is discussed in the following sections.  
A significant difference in strength and ductility has been observed in a variety of alloys under 
tensile and compressive loading conditions. This behaviour can be attributed to intrinsic 
reasons associated with microstructure [125] and extrinsic reasons such as strain rate, loading 
conditions and process-induced orientation/texture [126].
Bulk metallic glasses are known to exhibit significant tension-compression asymmetry in their
plasticity (good plasticity in compression and zero plasticity in tension) and this is attributed 
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to their amorphous structure and stress induced structural changes such as the preferential 
precipitation of nano-crystallites in compressive loading [127]. The large difference in the 
ductility of alloys with the B2 ordered structure, such as Nb–15Al–20V has been reported under 
tension and compression (good plasticity in compression and zero plasticity in tension). This 
behaviour has been attributed to the differences in the mobility of the slip system under tensile 
and compressive loading conditions, and the formation of pseudo-twins during compression 
[128]. In NiTi, the most widely used shape memory alloy, the deformation behaviour of the 
austenite/martensite transformation is asymmetric between tension and compression [126,
129]. The low crystallographic symmetry of the martensite structure and the de-twinning of the 
martensite is reasoned to be responsible for the tension-compression asymmetry [129].
The flow stresses of high strength steels with martensitic, bainitic or Widmanstätten ferrite 
microstructures are greater in uniaxial compression than in uniaxial tension  and this effect is
related to permanent plastic volume expansion due to an increase in dislocation density [130].
Ultrafine-grained and nano-crystalline materials exhibit large tension-compression asymmetry
(with excellent strength and ductility in compression and brittle behaviour under tension) and 
undergo plastic deformation by means of grain boundary mediated mechanisms such as grain 
boundary sliding and grain rotation [131, 132]. These processes are thought to account for the 
observed asymmetry in the mechanical behaviour. Tension-compression asymmetry in the 
severe plastically deformed (SPD) metals is the result of the formation of a directional 
microstructure in the highly distorted grains such as dislocation sub-boundaries and twins and,
texture evolution and effects (eg. equal channel angular extruded (ECAE) pure Ti [133], Cu 
[134], Fe [135],  Ti-6Al-4V alloy [136]). Finally, magnesium alloys display tension–
compression yield asymmetry due to the polar nature of deformation twinning [137].
From the above, it can be concluded that the deformation mechanisms, microstructure, texture, 
loading direction and the activation of twinning could all play a crucial role in tension-
compression asymmetry of certain alloy systems [132]. The deformation mechanism and 
dislocation activity in HEAs, particularly the BCC structured HEAs, remains unclear. There is 
therefore significant scope to understand the asymmetric nature of deformation in HEAs by 
studying both mechanical behaviour and interrogating further the nature of the deformation 
mechanisms in these alloys. 
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2.3.4. Deformation behaviour
The yielding and work hardening behaviour of a material is strongly dependent on the 
microstructure. Once the applied stress on the material exceeds yield or flow stress, permanent 
deformation occurs by slip or twinning [138] which are considered as competitive mechanisms 
for plastic deformation. During slip, deformation occurs by the sliding of one part of the crystal 
relative to another along certain crystallographic planes known as slip planes, in such a way 
that the atoms move forward by a whole number of lattice vectors. During twinning, the atomic 
movements are whole lattice vectors and undergo a homogenous shape deformation in such a 
way that the resultant structure is identical to that of the parent, but oriented differently across 
a mirror plane [139]. A schematic illustration of the difference between slip and twinning is 
shown in Fig. 2.16. Detailed studies focusing on the deformation behaviour of the high entropy 
alloys are few, and this section covers the various factors that influences the deformation 
behaviour of conventional and high entropy alloys.
Figure 2.16 Schematic representation of slip and twinning [139].
When the direction of applied stress is reversed (tensile to compressive or vice versa), 
dislocation motion propagates in the opposite sense along the same direction, even though the 
critical resolved shear stress (CRSS) remains the same. Slip can occur in both a forward and 
reverse motion. However, due to the crystallographic nature of twinning, the twin has a definite 
sense along which it shears. The orientation of grains in the material influences the deformation 
mechanism, the specific selection of slip/twinning in a grain and the kinetics of different types 
Page | 55
of transformation [140]. Similar observations were made in the case of FCC structured 
CoCrFeMnNi alloy, where the studies conducted by Wu et al. [141] showed that the 
deformation characteristics of the alloy is a strong function of grain orientation. In the case of 
random textured polycrystalline materials, the twinning and slip stresses are the same for 
tensile and compressive loading [142]. However, for highly textured materials such as extruded 
magnesium, the alignment of grains in one direction may make twinning easier in one direction 
compared to another [143]. Both slip and twinning are grain size sensitive. Since slip and 
twining are competitive processes, a grain size can be reached below which twinning cannot 
be activated [144].
The applied stress required for twinning is a function of material parameters such as grain size, 
texture and stacking fault energy and external parameters namely temperature and strain rate 
[142]. The most widely accepted mechanism for the nucleation of twinning in FCC materials
is the dissociation of a ܽ 2ൗ <110> glide dislocation into Shockley partial dissociation with a 
Burgers vector of ܽ 6ൗ <112> on the {111} planes. Activation of multiple slip systems and the 
occurrence of dislocation pile-ups are considered to be the prerequisites for the nucleation of 
twinning in an alloy systems [145]. Mechanical twins usually contain a large density of sessile 
dislocations, which subdivides the grains into regions with different orientations and increases 
the resistance to dislocation motion thereby increasing the work hardening behaviour [146].
Stacking fault energy (SFE) plays a crucial role in the determination of deformation mechanism 
under given conditions of temperature, strain and strain. SFE determines the extent to which 
dislocations dissociate into partials and this in turn determines their ability to mobilise by 
processes such as climb and cross-slip [147]. Thus the SFE changes the way in which 
dislocations can accommodate shape change in response to applied load. For materials with 
high SFE such as Al, the partial dislocations are very small and the material deforms only by 
dislocation glide. Materials such as 304 stainless steel and TWIP steel with low SFE (< 
25mJ/m2) display wider stacking faults with more resistance to cross-slip and climb, favouring 
twinning as preferred mode of deformation. Multi-component alloys have low stacking fault 
energy than pure metals and the extent of reduction depends on the electron/atom ratio of the 
alloying elements. The stacking fault energies of NiFeCrCo and NiFeCoCrMn alloys were 
found to be approximately 20 mJ/m2 and 25mJ/m2 respectively [16].
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The orientation of a grain significantly influences the operative deformation mechanism under 
a given loading condition. The strength of a crystal is correlated to its orientation in terms of 
Schmid factor (for a single crystal loaded in tension or compression, m = FRVĭcosȜ), which is 
the ratio of the resolved shear stress (Ĳr) to the axial stress (ı), Fig. 2.17(a-b). For polycrystals 
the orientation factor (M), also known as Taylor factor (Fig. 2.17(c)) is expresses as the 
reciprocal of Schmid factor and varies from grain to grain.
Figure 2.17 (a) Schematic diagram for calculating resolved shear stress (F is the applied load, 
A is the cross-sectional area, ı LVWKHD[LDOVWUHVVDQGĲr is the resolved shear stress), and 
inverse pole figures with (b) Schmid factor and (c) Taylor factor for various crystallographic 
orientations [148].
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In the case of tensile loading, grains with high Taylor factor for example grains with <111> 
orientation parallel to tensile axis are favoured for twinning, as they develop higher dislocation 
density to maintain strain compatibility with neighbouring grains and experiences a greater 
strain hardening ability. Grains with low Taylor factor whose orientations close to <100> 
parallel to tensile axis are observed to be twin free up to fracture, as these orientations enhanced 
cross slip, which relieved stress concentration necessary for twinning [149]. It is also observed 
that with increase in applied strain, twinning might be initiated in grains with orientations 
initially favouring slip with the activation of multiple slip systems in the grain or near the grain 
boundaries [140]. However microstructural evolution and strain hardening behaviour during 
compressive loading will be different from tensile loading owing to different orientation 
rotations during tension and compression. The matrix grains containing twins rotate towards 
<111> directions during tensile loading, favouring further twinning, whereas grain orientation 
towards <101> direction during compressive loading suppresses further twinning. Also during 
compressive loading, twinning was observed at early stage of strain in <001> and twin 
transformation is constrained at higher strain owing to the strain induced grain orientation 
towards <101> direction [150].
There is some evidence in the literature of mechanical twinning in high entropy alloys [99, 151,
152]. The activation of twinning was found to extend the plasticity in high entropy alloys with 
FCC structure [99, 110, 151]. The twins observed in the FCC structure were the ȈWZLQwith 
the same crystallography as the twins found in Hadfield steel [153, 154]. Mechanical twinning 
was found to be the main mechanism of plastic deformation in Al0.5CoCrCuFeNi high entropy 
alloy after cold rolling [155]. This was aided by the low stacking fault energy of the system 
The formation of nanotwins and the stacking faults were also observed in the FCC phase of the 
AlCoCuFeNi high entropy alloy and resulted in excellent mechanical behaviour [156].
In case of FCC CoCrFeMnNi alloy, a transition in dislocation activity was observed in this
alloy with temperature, where dislocation glide alone was the main mechanism at room 
temperature (see Fig. 2.18(a)) and nanoscale twinning (see Fig. 2.18(b)) along with dislocation 
glide was observed at 77 K [110]. But FCC Fe40Mn40Co10Cr10 alloy showed deformation 
induced nanotwinning at room temperature [151]. The FCC Fe40Mn27Ni26Co5Cr2 alloy is 
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dominantly deformed by dislocation slip [157], promoted by the strong friction stress on 
dislocation motion, arising from the lattice distortion and resulted in the high strain hardening 
capacity and hence high ductility of this HEA. Thus the chemical composition of the high 
entropy alloy and the deformation temperature plays a significant role in determining the mode 
of deformation behaviour.
Figure 2.18 Dislocation activities in CoCrFeMnNi alloy: (a) Planar slip of ½<110> 
dislocations on {111} planes at 293 K and (b) nanoscale twinning at 77 K [110].
When compared to traditional alloys, each lattice site in high entropy alloy systems are 
occupied by an atom of different element, inducing anisotropic chemical bond interaction with 
the surrounding atoms and large fluctuation in lattice potential energy, LPE [158]. The recent 
diffusion studies on CoCrFeMnNi alloys revealed the fact that diffusion coefficients of 
individual atoms in the system were significantly lower, when compared to corresponding 
reference metals [35]. The effect of local atomic interactions and fluctuating LPE on diffusion 
and dislocation motion is likely to be highly complex and very little information is currently
available in the literature.
Another behaviour that has been reported in the literature in some HEA’s, but not others, is 
dynamic strain ageing, otherwise known as the Portevin le chaterlier effect. Dynamic strain 
ageing is known to be correlated with the interaction of solutes with dislocations [159], with 
solute pinning leading to the development of the plastic instabilities responsible for flow 
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serrations. Serrated yield behaviour was observed in few high entropy alloy samples at certain 
temperatures and slow strain rates [160]. High entropy alloys are known to exhibit low rates of 
diffusion [35] and this may be a contributing factor to the flow serrations that were observed. 
Dynamic strain ageing may also have contributed to the poor ductility of the specimens tested 
in tension, as the deformation during serrated flow is inhomogeneous and localised in bands 
[161, 162].
Although the activity of slip and twinning in the FCC HEA’s is clear from the available 
literature, the behaviour of the BCC and duplex BCC/FCC microstructures is less clear. It is 
not certain why some FCC alloys exhibited twinning whilst others do not, and it is not yet 
established if the activation of mechanical twins aids in the accommodation of plastic strain, 
or hinders it through flow localisation. The activation of DSA in some alloys but not others is 
also an aspect of HEA deformation behaviour that has not been adequately described. In 
aluminium alloys, DSA significantly reduces formability, yet the effect on the ductility of 
HEA’s is not yet described. Finally, very little research into the deformation behaviour of BCC 
alloys has been published. The plastic deformation mechanism of high entropy alloy system 
might be a mixture of those in case of conventional alloys and amorphous metals [32]. The 
presence of large number of principal elements and heavily distorted lattice structure increased
complexity in the deformation mechanism of HEA system. In the present study the dislocation 
behaviour and deformation mechanism in tension and compression is explored for laser 
fabricated FCC, FCC+BCC and BCC HEAs from the AlxCoCrFeNi system and related to 
mechanical properties. 
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2.4. Fabrication of HEA system
The fabrication of high entropy alloys are challenging due to inherent compositional 
complexity and the large difference in the melting point of the component elements. These 
factors are expected to produce significant elemental segregation during melt solidification and 
cooling. Thus the as-cast samples of HEAs may have significant casting defects such as cracks, 
pores and residual stresses along with compositional gradients and unusual grain size 
distribution, compared to conventional alloy systems. The first synthesis of HEAs was by arc 
melting [1, 2] and this has been the dominant fabrication route to produce bulk HEAs in the 
literature in the past decade (for example, [11, 26, 107, 163-167]).
Another common fabrication route for the synthesis of bulk HEAs is mechanical alloying of 
elemental powders and subsequent solid state consolidation by spark plasma sintering [38, 168-
172], generally producing nanostructured materials of small geometric size. Some other bulk 
HEA processing routes have been reported including powder metallurgy route [52] and rapidly 
solidified thin films by splat quenching [173] and laser cladding [174]. Additionally, HEA 
coatings have been produced by magnetron sputtering [175, 176] and laser cladding [177, 178].
More recently equi-molar and gradient bulk samples of HEAs have been produced from 
elemental powder blends by laser engineered net shaping (LENS) [179-182], a process with 
the same fabrication principles as DLF with a different proprietary name.
In this thesis, bulk samples of AlxCoCrFeNi HEAs are fabricated by DLF and compared in 
terms of microstructure and properties to arc melted samples of same composition. Hence the 
following sections contain details from the literature on the solidification process, cooling rate, 
chemical and microstructural homogeneity, crystallographic textures and mechanical 
properties of HEAs manufactured by these two techniques. Brief discussion on the significance 
of various post-processing treatments on the microstructure and the mechanical behaviour of 
as-cast HEAs is contained in section 2.4.4.
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2.4.1. Vacuum arc melting
Vacuum arc melting was extensively used by researchers because of its simplicity and low
cost. Working procedure of vacuum arc melting is same as Gas Tungsten Arc Welding (GTAW 
or TIG) process where Cu mould is considered as weld gap in work piece and materials to be 
melted as filler materials in the process. During the processing, the energy necessary for 
melting is provided by a DC arc with heavy current, which is struck in the gap between 
thoriated tungsten electrode (the cathode) and the molten pool at the top of the solidifying ingot 
in the water cooled Cu crucible (the anode). Constant arc gap is maintained with the aid of a 
ram arrangement that drives the electrode into the water cooled copper crucible as the melting 
proceeds, Fig.2.19. Most vacuum arc melting furnaces are equipped with electrical coils at the 
top of the ingot mould that create an electromagnetic field used to stir the molten metal,
inducing better microstructural homogeneity [119].
Figure 2.19 Schematic representation of Vacuum arc melting furnace [32].
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The major drawback of this processing route was the inferior mechanical properties of the 
alloy, which was attributed by coarse dendritic structure, chemical heterogeneity and casting 
defects such as porosity and meta-stable eutectic at grain boundaries [39]. In order to ensure 
the homogeneity of HEA’s prepared using ingot metallurgy route, it is required to invert the 
ingot and remelt for at least 5 times [32]. A recent work demonstrated the limitations of vacuum 
arc melting for the fabrication of high entropy alloy ingots, compared to vacuum induction 
melting [183], where the arc melting furnace with non-consumable tungsten electrode is useful 
only for making ingots with limited size and shape (button shaped) for laboratory 
investigations. These ingots has a higher surface to volume ratio when compared to the ingots
by other fabrication routes and resulted in increased heat loss during fabrication, regions of 
incomplete fusion, porosity, and heat-affected zones (Fig. 2.20(a)). Vacuum induction melting 
was found to be capable of producing large ingots with better microstructural homogeneity 
compared to vacuum arc melting and the differences between the macrostructures among the 
processes are illustrated in Fig. 2.20.
 
 
Figure 2.20 Difference in the macrostructure of CoCrFeMnNi HEA fabricated by (a) vacuum 
arc melting and (b) vacuum induction melting [183].
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Solidification/cooling rate is an important processing parameter that controls microstructural 
evolution of cast metals [184]. A typical cast structure of a polycrystalline alloy consists of 
three distinct zones with different grain structures: (a) the chill zone- cluster of fine equi-axed 
grains with random orientation, adjacent to the mould wall; (b) the columnar zone- an array of 
elongated grains aligned parallel to the predominant heat flow direction in the melt; and (c) the
equi-axed zone- central region of the casting, far away from the mould wall consisting of fine 
uniform sized grains which are comparatively isotropic. The relative proportions of columnar 
and equi-axed zones is the most important factor that determines the properties of a cast-
structure, as the chill zone is a boundary layer with thickness of few fine grains and less 
significant [185].
By altering the casting variables such as alloy composition, the pouring temperature and the 
rate of cooling, ingot microstructure varying from fully equi-axed structure with isotropic 
properties to fully columnar structure with anisotropic properties [186]. The as-cast structure 
of pure metals is normally fully columnar with low chances of formation of dendritic growth, 
owing to the excellent heat extraction from the melt along the solidification direction owing to
the high thermal conductivity of the system. The columnar grains usually develop a strong 
crystallographic texture and the grains with steepest thermal gradient parallel to the preferred 
growth direction (usually along [100]) grow faster than the less favourably oriented neighbours, 
with the axis of column parallel to the predominant heat flow direction [187]. In the case of 
multicomponent alloys, due to the difference in the melting point, density and other physical 
properties of the constituent elements, the chances of segregation of elements are more and 
depending on the growth conditions grains may grow into planar, cellular or dendritic 
morphologies [185]. Thus the variation in thermal parameters of the processing route leads to 
a wide variety of microstructures and resultant mechanical behaviour in engineering alloys
[188].
The final microstructure of the system is determined by two solidification parameters: the 
temperature gradient along the melt pool and growth rate. Temperature gradient (G) refers to 
the temperature gradient in the liquid away from the interface in the direction of solidification 
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and growth rate (R) is the rate of advance of the interface between the solid and the liquid. It 
was observed in the literature that a high G/R ratio resulted in the formation of columnar/equi-
axed/cellular microstructure, whereas a low G/R ratio led to the formation of coarse dendritic 
structure [32, 185, 189]. The Bridgeman solidification technique is associated with high 
temperature gradient and low growth rate (high G/R ratio), whereas arc melting is associated 
with low G/R ratio. A recent work by Zhang et al. [85] on equi-atomic AlCoCrFeNi HEA 
produced dendritic structure in arc melted samples (Fig. 2.21(a)) and an equi-axed structure in 
the samples by Bridgeman solidification technique (Fig. 2.21(b)). Both the samples have 
similar strength levels (yield strength of 1400 MPa), but the plasticity of arc melted samples 
(21%) was lower than the samples by Bridgeman solidification (29%). Bridgeman 
solidification induced single crystal structure with excellent plasticity (refer Fig. 2.12) and arc 
melting induced polycrystalline structure (average grain size- ȝPLQWKH)&&VWUXFWXUHG
Al0.3CoCrFeNi [111].
Figure 2.21 Microstructure of AlCoCrFeNi HEA by (a) arc melting (dendritic structure) and 
(b) Bridgeman solidification technique (equi-axed structure) [85].
Solidification/cooling rates have a significant influence on the microstructural evolution of 
high entropy alloys. The cooling rates for various solidification processes are given in Table 
2.4. The AlCoCrCuFeNi alloy fabricated by splat quenching with rapid cooling rate (106-107
K/s) possessed single phase BCC structure with fine polycrystalline structure (average grain 
VL]HRIȝP, whereas the arc-melted sample had multi-phase structure with serious inter-
dendritic segregation [73], Fig.2.22. The FeCoCrNi alloy by additive manufacturing process
(selective laser melting) with rapid cooling rate [190] induced better mechanical properties
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with twice the yield strength (400 MPa) with similar plasticity than the same alloy fabricated 
by vacuum arc-melting (200 MPa) [86].
Table 2.4 Cooling rate ranges for various solidification processes [191].
Process Cooling rate (K/s)
Directional solidification 10-1 - 101
Casting 100 – 102
Arc welding 101 – 103
Electron beam welding 102 – 104
Laser beam (LB) welding 102 – 106
Rapid solidification processing 103 – 107
LB surface modification 105 – 107
Single laser pulse 107 – 108
Figure 2.22 Schematic representation of phase segregation observed during solidification of 
AlCoCrCuFeNi HE alloy by two different processing conditions: splat quenching (cooling 
rate 106–107 K s-1) and arc melting (cooling rate 10–20 K s-1) [73].
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2.4.2. Direct laser fabrication
Direct laser fabrication (DLF) is a rapid prototyping technology, which can produce complex 
near-net shape components with high degree of accuracy in one melt cycle, by the progressive 
addition of layers of materials. A wide range of materials can be fabricated using this technique 
including polymers, waxes, papers, metals, ceramics, functionally graded materials and 
composites [21, 192]. With a focus on metal DLF, metal powders fed into high-power laser 
focal zone are melted and re-solidified into dense material initially on a metal base plate a then 
on successive layers to a desired geometry by the precise movement of laser head controlled 
with the aid of CAD/CAM software [193]. Schematic representation of the apparatus is given 
in Fig.2.23.
 
Figure 2.23 Schematic representation of direct laser fabrication apparatus [21].
The 3-D CAD model of the desired component is sliced into thin horizontal cross-sections by 
the computer interface. The metal powders supplied from various hopers are melted and 
deposited in a layer-by-layer fashion, starting from the bottom layer and build upwards in 
accordance to the features in the cross-section of each sliced section of the CAD model [194]. 
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This method ensures full or nearly full density (>98%) in the fabricated components for 
applications in aerospace, biomedical and electronic industries [195]. This process also offers 
high material utilization rate and very good flexibility, which allows the production of 
components with different geometry and varying composition in the same batch with the aid 
of digital control [196].
 
Despite these advantages, laser fabrication is a very complicated process and the quality of end 
product depends on large number of variables including processing parameters and material
properties. Various studies in the literature demonstrated the significance of processing 
parameters such as laser power, laser spot diameter, scanning velocity, scanning strategy, hatch 
spacing and layer thickness on the microstructural evolution and the mechanical properties of 
laser fabricated components [196]. Material properties including surface tension and thermal 
conductivity also determine relative density, microstructure and properties of the components. 
The control of viscosity of the molten metal is also very important as very low value of 
viscosity results in balling (the formation of small spheres in the laser sintered sample) even 
though low value of viscosity promotes better sintering [17].
The environmental conditions under which deposition is carried out is also significant, as most 
of the powders have a tendency to undergo oxidation during the process. An inert atmosphere 
with reduced amount of oxygen is ideal for this fabrication technique. Even the selection of 
base plate on to which deposition is made is also important, as the base plate have to be 
chemically compatible with the material to be deposited in order to reduce thermal cracking 
and residual stresses at the interface of the plate and the deposited component. Thus the main 
challenge associated with the process is that all the processing variables have to be optimized 
for the fabrication of a component using a particular elemental/alloy powder for a given 
application.
DLF has been applied to the metal powders of copper [197], iron [198], titanium [199] and 
high speed steel [200]. This method is also effective in producing composite systems such as
iron-copper [201] and particulate reinforced metal matrix composites [202]. Other laser 
fabrication techniques such as selective laser sintering was effective in fabricating bulk high 
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entropy alloy samples [190], but required to prepare a bed of powder mix by mechanical 
alloying. However, in the case of DLF, the constituent elemental metal powders are delivered 
from different feeders and mixed in situ in small amounts at the focal zone of high power laser. 
This melted powder mix is deposited on to the previously deposited layer, resulting in an 
epitaxial growth and improves the homogeneity of multi-component alloy systems [25].
In the case of laser fabrication [203] and fusion welds [186], the solidification/cooling rates are 
high, the temperature gradients are steep and the size of the melt pool is small. Both processes 
involve rapid cooling rate of the order of 103-106 Ks-1 and large thermal gradient in the range 
105-107 Km-1 along the melt pool due to moving heat source, producing microstructures which 
is expected to be well deviated from equilibrium conditions. Rapid solidification conditions 
and steep thermal gradient in the melt pool favours columnar structure in the component by the 
directional heat flow from the superheated melt into the cooler solid. Local heat transfer 
parameters, especially along the heat conduction direction plays a crucial role in the 
determination of the orientation of the grain [196]. The control of thermal parameters in the 
process is extremely difficult owing to the small size of the melt pool and the multiple modes 
of heat, mass and momentum transfer. Also the thermal history of DLF is further complicated 
by the generation of a heat affected zone as the adjacent layers are subsequently deposited over 
the previously deposited layer, causing partial remelting of that layer.
The rapid solidification conditions and the additive characteristics of the laser fabrication 
processes usually induce a non-equilibrium structure and in some cases a morphological and 
crystallographic texture [23]. Apart from the solidification rates of the processing route, the 
chemical composition of the alloy also plays a crucial role in the microstructural evolution 
[191]. This influences the solidification rate in the melt pool as the thermal conductivity and 
enthalpy of mixing of atomic pairs in the alloy system is significantly influenced by the 
chemical composition. It was evident from the lack of intermixing in case of Ti-10%Nb alloy
(enthalpy of mixing +4.2 kJ/gram atom), compared to Ti-10%Cr alloy (enthalpy of mixing -
12.6 kJ/gram atom) deposited under similar conditions, that the enthalpy of mixing of the 
components influence the quality of the component in laser sintering process [25]. Alloys with 
negative enthalpy of mixing induces exothermic mixing during the process and the resultant 
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high temperature in the melt pool result in rapidly solidified microstructures. Solidification rate 
is slower in case of alloys with high enthalpy of mixing owing to the endothermic mixing of 
the components during the process. Microstructure of some of the laser fabricated alloys are 
given in Fig. 2.24. Laser fabricated alloys such as T-6Al-4V [196] and Ni-Cr [187] had 
columnar grain structure along the direction of deposition (Fig. 2.24(a-b)). The 
Al1.5CoCrCuFeNi HEA [182] had a dendritic structure (Fig. 2.24(c)) and the nickel based 
superalloy Rene’41 [204] had a directionally solidified cellular dendritic structure (Fig. 
2.24(d)). The microstructural evolution of DLF high entropy alloys produced in the present 
study with different chemical composition and crystal structures are outlined and discussed in 
Chapter 4.
Figure 2.24 Microstructure of laser fabricated (a) T-6Al-4V [196], (b) Ni-Cr [187], (c) 
Al1.5CoCrCuFeNi HEA [182] and the nickel based superalloy Rene’41 [204]
During the commencement of this thesis, the number of studies on the DLF of complex multi-
component alloys using elemental powder blends were limited. But few works recently 
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demonstrated the ability of DLF technique to produce bulk high entropy alloy samples [180-
182]. For example, Welk et al [182] fabricated CoCrCuFeNiAl HEA with dendritic structure
and studied the nature of the interfaces between the FCC and BCC constituent phases. Kunce 
and his co-workers fabricated bulk HEA samples of TiZrNbMoV with dendritic structure [180]
and ZrTiVCrFeNi with irregular cell like polycrystalline structure (average grain size of 50 
ȝP [179] for hydrogen storage applications. Although these studies have demonstrated the 
ability of laser fabrication techniques to produce HEAs and the comparative mechanical 
properties and microstructures with common synthesis techniques is not reported. Also the 
detailed studies on the microstructural evolution, textural evolution, tensile and compressive 
properties and deformation mechanism of laser fabricated HEAs are also not reported. The 
significance of cooling rate on the microstructure and properties of various high entropy alloys 
are further discussed in sections 4.3.2, 5.5.1, 6.3.2, 6.5.1 and 7.2.
2.4.3. Effects of post-processing on HEA microstructures and mechanical properties
 
As discussed in the section 2.4.1, the as-cast structure of the engineering alloys have inferior 
mechanical properties owing to coarse dendritic microstructures with non-uniform grain sizes, 
compositional gradients, residual stresses, cracks and pores [185]. Compared to conventional 
alloys, the degree of these casting defects are severe in the case of HEAs [183, 205], due to 
large number of constituent elements, heavily distorted lattice structure and sluggish diffusion
of the constituent elements in the matrix phase [1, 9, 32, 35]. These casting defects are 
alleviated with the aid of post processing techniques such as heat treatments, thermomechanical 
processing (cold/hot deformation) and hot isostatic pressing. These processes break down the 
dendritic structure, close casting defects, induces uniform grain size and improve the 
mechanical properties of cast alloys. 
A majority of the publications in the literature study the microstructural evolution and 
mechanical behaviour of high entropy alloy samples in the as-cast condition. The diffusion rate 
of constituent elements within HEAs were found to be reduced [9, 35] compared to 
conventional alloy systems. For these reasons, homogeneity cannot be ensured in as-cast high 
entropy alloys, and mechanical properties in the as-cast conditions will not be true indication 
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compared to equilibrium conditions. It is evident from the literature that post processing 
treatments such as ageing [79], annealing [155, 206], homogenising [26], cold deformation 
[155, 207] and thermomechanical processing [39, 98, 208] induced better combination of 
microstructure and mechanical properties in HEAs compared to as-cast condition.
2.4.3.1. Thermal treatments
 
Homogenisation heat treatment eliminates casting segregations and dissolves metastable 
phases in the as-cast samples, by giving sufficient time at higher temperatures (~0.8 times the 
melting temperature of the alloy). Compared to conventional alloy systems, high entropy alloys 
require longer soaking time at high temperatures to achieve homogeneous chemical 
composition [54]. The excellent resistance of high entropy alloys to anneal softening [7] is
attributed to the sluggish diffusion of the constituent atoms through the heavily distorted lattice 
structure [32, 35]. For example, Liu et al. [209] observed a significantly slow coarsening 
kinetics on the grain growth behaviour of CoCrFeMnNi HEA after cold rolling and annealing, 
owing to the sluggish diffusion effect and resulted in improved mechanical properties. Kao et 
al. [26] studied the significance of homogenising heat treatment (1100 ஈC/24 hrs) on the 
microstructure of various alloys of AlxCoCeFeNi HEA system and observed an increase in the 
amount of ordered BCC (B2) phase rich in Ni and Al (especially when Al mole fraction is 
greater than 0.375). This work suggested B2 phase as an equilibrium phase due to very low
mixing enthalpy between Al and Ni.
The ageing treatment of AlxCoCrCuFeNi HEA system well above 645ஈC resulted in the 
transformation of stable BCC phase in the as-cast (FCC+BCC) structure into FCC phase, 
thereby improving the ductility of the system with a reduction in compressive strength [210]
and transformation of as cast dendritic structure into a poly-grained structure [54].
AlxCoCrFeNi HEA system responded positively to most of the heat treatment processes and 
were hardened by the precipitation of (Ni, Al)-rich B2 ordered phases [79]. The tensile strength 
of FCC structured Al0.3CoCrFeNi alloy was found to increase with ageing at temperatures 
above 700 ஈC, owing to the precipitation of fine B2 particles [10], Fig. 2.25. Also the FCC 
alloys of AlxCoCrFeNi system showed excellent age hardening/precipitation hardening 
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capability with the aid of other minor alloying elements such as Ti, Mo [211], Nb [46], C [79]
or Si [105]. For example the precipitation hardening observed in Al0.3CoCrFeNi with minor 
addition of Ti was due to the formation of B2 precipitates rich in Ni, Co and Ti [211]. With the 
minor addition of Mo, the precipitation of B2 phase (rich in Ni and Al) and ı phase (rich in Fe 
and Cr) explained the significant age hardening of the Al0.3CoCrFeNi HEA system [211]. Shun 
and Du performed the ageing treatment of Al0.3CoCrFeNiC0.1 at various temperatures, and 
found optimum age hardening phenomenon at a temperature of 700ஈC, due to the precipitation 
of secondary carbides [79].
Figure 2.25 Effect of ageing heat treatment on the tensile properties of Al0.3CoCrFeNi HEA 
[10].
2.4.3.2. Thermomechanical treatments
Very few studies on the hot working of HEAs are reported, and are limited to forging [155],
upsetting [208] and rolling [212] processes. For example, The arc-melted Al0.5CrCuNiFeCo
high entropy alloy exhibited high work hardening capacity, even when forged at 900ஈC [155]
due to low dynamic recovery. The morphology of the Cu-rich FCC phase in the interdendritic 
region of as-cast structure is refined by the hot forging (900 ஈC), Fig. 2.26, and the further 
homogenisation heat treatment (1100 ஈC/24 hrs) of the alloy resulted in the formation of fine 
Cu-rich precipitates along with interdendritic Cu-rich FCC phase. The wrought alloy (cold-
rolled and annealed at 900 °C for 5 hrs) of the Al0.5CoCrCuFeNi had refined microstructure
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mechanical properties compared to as-cast alloy with dendritic structure in the literature [213].
Figure 2.26 Microstructure of Al0.5CrCuNiFeCo high entropy alloy in (a) as-cast and (b) 
thermomechanically processed (hot-forged) conditions [155].
 
The hot deformation (uniaxial compression at temperatures above 600 ஈC) significantly refined 
the microstructure of the CoCrFeMnNi alloy and enhanced the mechanical behaviour, owing 
to dynamic recrystallization [208]. 7KHDOOR\KDGUHFU\VWDOOLVHGJUDLQVZLWKDVL]HRIȝPDW
600 ஈC and a completely recrystallised structure at 1100 ஈC with a grain size of 40 ȝP Another 
work [212] studied the recrystallization, grain growth and annealing twins in CoCrFeMnNi 
alloy after various degrees of cold rolling and annealing temperatures, and found that the grain 
size increased with increasing annealing temperature (ȝPDW 800 ஈC to 60 ȝPDW1000 ஈC) and 
decreasing amount of cold work (reduction in thickness less than 21%).
Multi-step forging at 950 ஈC successfully homogenised the dendritic structure of 
AlCrCuNiFeCo high entropy alloy system into a duplex fine structure with equi-axed grains 
[39], Fig. 2.27(a). This also induced superplasticity with homogenous plastic flow in the alloy 
at high temperatures (1000 ஈC) under tensile loading which were brittle in nature at ambient 
and intermediate temperatures, Fig. 2.27(b-c). The increase in the ductility of the alloy is 
attributed to the transition in the grain structure of the BCC phase from coarse dendritic 
particles in as-cast condition to fine grained particles, Fig. 2.27(a). Thus it is clear from the 
literature that thermal/thermomechanical processing have a positive influence on the 
microstructural refinement and the mechanical behaviour of HEAs.
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Figure 2.27 Role of thermomechanical processing on the (a) microstructure and (b) tensile 
properties of AlCoCrCuFeNi alloy. The deformed macrostructure of the alloy in as-cast and 
hot forged condition after tensile testing at 1000 ஈC is given in (c) [39].
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 2.4.3.3. Hot isostatic pressing
Hot isostatic pressing (HIP) is a method where as-cast bulk alloy samples or elemental powder
(either in loose form or in the form of a compact) is subjected simultaneously to a high pressure 
and elevated temperature to obtain 100% dense components [214, 215]. The pressure medium 
is usually an inert gas (Ar), and a uniform pressure acts normal to every surface of the 
component that is being processed. At elevated temperature and pressure of the process, heat 
diffuses inwards from the surface, densifying the surface layer and densification front develops 
and propagates towards the centre, resulting in dense components [216]. HIP was extensively 
used to improve the microstructure and mechanical properties of complex alloy castings used 
in aerospace, power generation, defence and numerous other industrial applications [217].
Apart from these, HIP homogenised the alloy composition and the microstructure, and 
mechanical properties of HIP-ed components of Inconel 718 were comparable to those of the 
wrought (forged and homogenised) alloy [218]. This process was also effective in rejuvenating 
the complex components of gas turbine engines damaged by thermal fatigue cracking, hot 
corrosion during operation, by healing the cracks/pores and homogenising the microstructure 
[215].
The densification mechanism during HIP involved several mechanisms involving diffusional 
redistribution of matter by plastic flow and power-law creep [219]. The high temperature (close 
to the melting temperature or significantly above the softening temperature) softens the as-
cast/pre-sintered component and isostatic pressure squeezes it, without distorting the shape of 
as-cast component [220]. The pores and the fracture surfaces of the cracks are mechanically 
closed by the high temperature creep, then bonded together, and finally diffusion homogenised,
thereby eliminating cracks and porosity in the component [221].
HIP was found to be an effective post processing technique for the laser fabricated components. 
Laser fabrication of the component followed by HIP combines the freeform shaping capability 
of laser fabrication process with the full densification capability of HIP [222] for fabricating 
near net-shaped, high value metal components [223]. The microstructure and properties of laser 
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fabricated components out of T-6Al-4V [223], Inconel 625 [224] and Rene88DT [218],
followed by HIP were equivalent to their conventionally processed counterparts (wrought 
products), but was found to be feasible fabrication route for the production of complex 
engineering components (for example, aerofoil blades of turbo engines). Thus HIP results in 
the uniformity of the microstructure of the components along with superior mechanical 
properties, when compared to as-cast components. 
However the studies on the response of high entropy alloys to the HIP process is limited. In the 
case of arc melted Al0.1CoCrFeNi alloy with FCC structure, HIP resulted in the coarsening of 
the grains of the alloy (average grain size of ~ȝPLQDV-cast condition to ~1 mm after HIP)
and resulted in the reduction of tensile yield strength from 250 MPa in as-cast condition [124]
to 160 MPa after HIP [225]. HIP followed by homogenisation at 1100 ஈC improved the tensile 
ductility of the arc melted AlCoCrFeNi alloy at 500 ஈC from 1% in as-cast condition to 11.7% 
[117]. The poor ductility of the as-cast alloy was attributed to the equi-axed dendritic structure 
with fine lamellar structure of A2 (rich in Fe and Cr) and B2 phases (rich in Ni and Al). But 
the HIP transformed the fine lamellar structure into larger domains along with the precipitation 
of ductile FCC (A1) phase, which improved the ductility of the alloy. 
If DLF is to be considered as a process to produce bulk HEAs, it is important to understand the 
effects of post processing through HIP. Currently the effect of HIP processing on the 
microstructural homogeneity (grain size, porosity, texture and volume fraction of the 
constituent phases) and mechanical properties of DLF HEAs is unknown. Thus a comparison 
of microstructural evolution and mechanical properties of direct laser fabricated HEAs in as-
cast and HIP-ed conditions are presented in chapter 6. This work will assist in understanding 
the correlations between process/post processing-microstructure-property relations of DLF 
HEAs.
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2.5. Summary, gaps in knowledge and research questions
 
 
The AlxCoCrFeNi HEA system was found to be one of the most studied HEA systems owing 
to its excellent combination of physical and mechanical properties. Extensive research has been 
conducted on the microstructural characterization of this system and its variants, which is 
known to have either a single phase BCC or FCC structure, or a duplex mixture of both of these 
phases. However, recent in-depth microstructural studies highlighted the spinodal 
decomposition of the BCC phase, and the presence of chemical heterogeneities inside the 
structure which require detailed analysis. The influence of these factors on the mechanical 
properties of the system are not yet known. 
A vast majority of publications use an ingot metallurgy route for fabricating HEA specimens, 
and most lab-scale studies use vacuum arc melting as the processing route. Arc melting is 
labour intensive, and requires extensive remelting and ingot inverting. This process also limits 
the size of specimen that can be produced. However, direct laser fabrication (DLF) has been 
identified in the literature review as an additive manufacturing process that could potentially 
be used to produce complex near-net shape components of HEA’s. It also has the advantage of 
using elemental powders instead of a powder blend. Therefore one of the aims of the present 
thesis is to utilise this new processing technology to make bulk HEA’s.
At present, no systematic studies on the effect of Al concentration on the tensile and 
compressive properties of the AlxCoCrFeNi HEA system are available in the literature. Also, 
a majority of the papers on HEA systems in the literature are focussed on the microstructural 
characterization, rather than being dedicated to how the loading conditions effect the 
mechanical behaviour. The literature review presented here indicated that there may be some 
tension/compression asymmetry in these alloys, but no explanation for this has been presented 
in open literature. Before these HEA’s can be used in commercial applications, it is imperative
to understand their mechanical response under various loading conditions, and this is one of 
the main aims of this thesis. 
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 In response to these gaps in knowledge, this thesis aims to answer the following research 
questions;
Can chemically and microstructurally homogeneous bulk AlxCoCrFeNi HEAs be formed 
by DLF (from elemental blend)? What is the effect of aluminium concentration on the 
microstructure and mechanical properties of AlxCoCrFeNi HEAs? (Chapter 4)
What are the influences of microstructural characteristics on the mechanical properties
(tensile and compressive) and the deformation mechanisms of FCC, dual phase 
(FCC+BCC) and BCC HEAs? (Chapter 4)
How do the microstructure and the mechanical properties of DLF alloys vary from arc 
melted alloys with different solidification rates? (Chapter 5)
Owing to the compositional complexity of high entropy alloys, these materials possess 
increased chemical heterogeneity and casting defects, when compared to conventional alloys. 
Traditionally, components made from the power metallurgy route would be given a secondary 
treatment to densify and homogenise the microstructure, and usually hot isostatic pressing 
(HIP) would be used. At present, very few data has been published on the HIP of HEAs [117,
225]. It is important to study the role of HIP on the densification, microstructural evolution and 
mechanical behaviour of direct laser fabricated high entropy alloy samples, as HIP can refine 
the microstructure and mechanical properties of the alloy without distorting the final shape.
Due to this lack of knowledge on the effect of HIP on the microstructure and the mechanical 
behaviour of HEAs, a final research question to be explored in the dissertation is;
What are the effects of hot isostatic processing on the microstructure and mechanical 
properties of DLF AlxCoCrFeNi HEAs? (Chapter 6)
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 Chapter 3
Experimental approach and methodology
This work aims to utilise direct laser fabrication (DLF) for producing bulk samples of various 
AlxCoCrFeNi HEAs. Deposit columns of various HEAs of 15x15 mm cross-section were 
fabricated to a height of 100 mm using a TRUMPF TruLaser Cell 7040 apparatus (section 3.1). 
The hot isostatic pressing of the HEAs were performed using an Avure QIH-9 Hot Isostatic 
Press (section 3.2) and the effect of HIP on the densification and homogenisation of the HEAs
were examined. The difference in the microstructure and the mechanical properties between 
alloys with a range of Al concentrations made by DLF and arc melting were also examined.
The arc melted samples with similar chemical composition to the DLF deposits were fabricated 
using Arcaster 50 apparatus (section 3.3), which allowed the direct comparison of the two 
synthesis routes.
For conducting detailed microstructural analysis, the HEA samples were metallographically 
prepared (section 3.4). The phase analysis and the bulk chemical homogeneity of various HEAs 
were analysed with x-ray diffraction technique (section 3.5) and glow discharge optical 
emission spectroscopy (section 3.6). The effect of Al concentration, fabrication techniques and 
post-processing on the mechanical behaviour of HEAs in both tension and compression were
reported (section 3.7). The microstructural characterisation, textural orientation and local 
chemical composition of the samples were performed using scanning electron microscope
(SEM, section 3.8). The fine microstructural features and the deformation mechanism of HEAs 
were analysed using transmission electron microscope (TEM, section 3.8). 
In order to study the mechanical behaviour of various AlxCoCrFeNi HEAs under tensile and 
compressive loading, specimens were deformed to specific strain levels (say 0.05, 0.10 and 
0.20), and detailed investigion on the deformed microstructure and the dislocation activities 
were performed using SEM and TEM, and were examined and analysed using EBSD and slip 
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trace analysis. The fracture surfaces of the HEAs were examined with the aid of SEM (SE2 
Imaging). The following sections contain details of the fabrication, characterisation and testing 
techniques used in the present work for addressing the proposed research questions.
3.1. Direct Laser Fabrication (DLF) of AlxCoCrFeNi system
A TRUMPF TruLaser Cell 7040 direct laser fabrication apparatus at MCAM, Monash 
University was used for fabricating the present specimens, Fig.3.1. An operating power of 800 
W, a laser focus diameter of 4 mm and a layer thickness build-up of 0.25 mm per laser pass 
were utilised. This apparatus is equipped with 4 kW disk laser and twin powder feeder, and has 
5 axis capabilities with complete CNC control. Metal powders were continuously fed into the 
high-power laser focus zone where they are melted and subsequently re-solidified into dense 
material. The precise movement of laser beams is controlled with the aid of CAD/CAM 
software. 
Figure 3.1 TRUMPF TruLaser Cell 7040 direct laser fabrication apparatus.
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The deposition was made on a 316 stainless steel base plate of 15 mm thickness and several 
laser passes were made on the base plate before deposition to reduce the thermal stresses 
between the substrate and the plate. The DLF process was carried out in an Argon atmosphere 
by continuously purging with high purity argon gas, maintaining an atmosphere oxygen 
concentration of 10 ppm to prevent oxidation of metal powders and the inert gas chamber was 
made of Perspex sheet positioned between moving laser head and the stationary base plate over 
which substrate holder was held. The main challenge associated with the process is the 
optimization of processing parameters such as laser power, scanning speed, laser spot diameter, 
scanning strategy and scanning velocity for obtaining high density components. The 
effectiveness of sintering in the process is highly dependent on material properties such as
thermal conductivity and surface tension [196] and the processing parameters for each alloy 
system have to be optimized separately. It was observed that the range of processing parameters 
previously used in the apparatus for the fabrication of components out of Ti-6Al-4V and Ni-
based superalloys were found to be effective in fabricating high entropy alloy compositions
with minimum porosity [226].
There was a preliminary study to optimise the fabrication process parameters, that is, laser scan 
rate, raster path and power were varied. The parameters used in the thesis represent those that 
produced the least cracking and porosity in the HEA samples. Columns of 15x15 mm cross-
section were built to a height of 100 mm by progressive deposition of layers of 250 μm 
thickness. A build sequence was applied consisting of bidirectional vectors scanning at a speed 
of 800 mm/min. with a spacing of 2.6 mm between each vector and the scan orientation was 
translated 90qC between each successive layer, see Fig.3.2. The distance between vectors is 
selected in such a way that, when the laser scans a layer, it partially remelts the previously 
scanned layer along with the layer beneath it, thereby fusing the tracks together to form 
components with high density.
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Figure 3.2 Schematic representation of (a) bi-directional scanning strategy where S and F 
represents starting and finishing points respectively, and (b) stacking order of each layer in 
the direction of deposition and (c) schematic representation of deposition process.
 
 
 
3.1.1. Alloy design strategy
 
The alloys chosen for study were based on the five component system: AlCoCrNiFe. It was 
observed in the literature that the alloy system had single phase FCC (aluminium mole fraction 
< 0.45), BCC (aluminium mole fraction > 0.85) or FCC+BCC dual phase structure (aluminium 
mole fraction between 0.45 and 0.85) depending on the concentration of aluminium [26, 88,
163]. The alloy development strategy in this work was based on this observation. The 
Al0.3CoCrFeNi alloy was selected as it is one of the most studied FCC HEA in the literature
[10, 111, 227]. Another FCC alloy, Al0.4CoCrFeNi, close to the dual phase region was also 
selected. Two alloys from the dual phase region were selected: Al0.6CoCrFeNi and 
Al0.7CoCrFeNi. The minimum mole fraction of Al required for the stabilisation of BCC phase 
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in the alloy system was found to be 0.85 [26] and hence Al0.85CoCrFeNi was chosen for the 
study. Since the progressive addition of aluminium found to improve the strength and hardness
of the alloy system [15, 56], one more BCC alloy was also chosen: Al1.2CoCrFeNi.
The four elements Co, Cr, Ni and Fe were used in equal mole fractions, Table 3.1., while the 
mole fraction of Al was used between 0.30 and 1.20. Since only the Al concentration change 
between alloys, the different compositions will be abbreviated in this thesis to the format of 
Alx, as shown in Table 3.2. Spherical gas-atomized powders of Co, Cr, Fe, Ni and Al (American 
elements and Micronmetals (USA), 99.99% purity, 50-150 μm) were used for preparing the 
chosen alloys. The equi-atomic CoCrFeNi powder mix was prepared by carefully weighing the 
powders and these powders were mixed and placed in a rotary tumbler for 12 hours to ensure 
the homogeneity of the powder mix. The composition of the mix is detailed in Table 3.1. The 
homogenous powder mix was placed in one hopper and Al powder in the second hopper and 
the desired alloy composition was produced by varying the spin ratio of the hoppers.  The focus 
diameter of the laser beam was selected to be 4 mm for the effective melting of the HEA 
system.
 
Table 3.1 Composition of equi-atomic CoCrFeNi powder mix.
  
The aluminium powder was supplied from the first hopper, which was equipped with a disc 
having circular grove of 3.5 mm*0.3 mm cross-section. The powder mix was delivered from 
the second hopper whose disc grove dimensions are 5 mm*0.6 mm. Discs with different grove 
dimensions were used, in order to have a comparable spin ratio (Al: CoCrFeNi) for the hoppers 
Element Atomic Weight 
Weight of 
element per 
mole of HEA 
Weight of 
element per unit 
weight of 
powder mix 
Weight of element 
per 200g of powder 
mix 
Co 58.933 58.933 0.261 52.27
Cr 52 52 0.231 46.13
Fe 55.85 55.85 0.248 49.54
Ni 58.693 58.693 0.260 52.06
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as the feed rate of aluminium powder is less when compared to the feed rate of CoCrFeNi 
powder mix, the spin ratio is summarized in Table 3.2.
Table 3.2 Spin ratio (Al: CoCrFeNi) for fabricating AlxCoCrFeNi HEA using direct laser 
fabrication apparatus.
Alloy
Volume (cc/mole) Spin ratio in 
terms of volume
Modified spin 
ratio for 
apparatusAl CoCrFeNi
Al0.3 2.998 27.32 0.11:1 0.62:2
Al0.4 3.997 27.32 0.15:1 0.85:2
Al0.6 5.996 27.32 0.22:1 0.93:1.5
Al0.7 6.995 27.32 0.26:1 1.1:1.5
Al0.85 8.492 27.32 0.31:1 1.1:1.3
Al1.2 11.992 27.32 0.44:1 1.3:1
3.2. Hot isostatic pressing (HIP)
 
The hot isostatic pressing (HIP) of high entropy alloy samples was performed using an Avure 
QIH-9 Hot Isostatic Press with a maximum working temperature and pressure of 2000ஈC and 
3000 Bar, Fig.3.3. The apparatus is equipped with Graphite and Molybdenum furnaces with a 
cylindrical working volume, a diameter of 150 mm and a height of 300 mm. The processing of 
the samples was performed under a high purity Argon atmosphere. According to the phase 
diagram of AlxCoCrFeNi HEA system in the literature [91], the formation of liquid phase starts 
at a temperature of 1200 ஈC. The heating and cooling processes were carried at a rate of 5 ஈC
min-1. It was evidenced in the literature that the yield strength of HEAs are well below 200
MPa at temperatures greater than 800 ஈC [39]. The heating cycle employed for the HIP of HEA 
samples is given in Fig.3.4. The samples were heated to a temperature of 1100 ஈC and 
maintained at a constant pressure of 300 MPa for two hours and the parameters were selected 
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so as to have a homogenising effect at the selected temperature along with the mechanical 
closing of the porosity in the laser fabricated samples.
Figure 3.3 Avure QIH-9 Hot Isostatic Press.
Figure 3.4 Hot isostatic pressing cycle.
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3.3. Vacuum arc-melting of AlxCoCrFeNi system
Vacuum arc melting was extensively used by researchers to produce HEAs because of its 
simplicity and low cost. The process was carried out in Vacuum Arc Remelting (VAR) furnace 
– Arcaster 50, Fig.3.5. This apparatus consists of a vacuum chamber, thoriated tungsten rod 
electrode and a water cooled Cu mould with a 50 gram melt capacity. Chilled water is supplied 
to the Cu mould at a rate of 4 litres/min and 5 bar pressure. The recirculated water is cooled by 
a summit-MATSU chiller system with a cooling capacity of 7.3kW. The vacuum is maintained
inside the melting chamber by operating an EDWARD 1.5 vacuum pump. The main power 
source for the electrode is supplied from a Miller CST 280 welding machine.
Figure 3.5 Vacuum Arc Remelting (VAR) furnace – Arcaster 50.
The ingots of arc-melted AlxCoCrFeNi HEAs weighing 40 grams were prepared from 
commercially pure granules (average size of 3 mm) of Al, Co, Cr, Ni, and Fe (99.9 wt.%) by 
electric arc melting with chemical composition as specified in tables 3.1 and 3.2. The arc 
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furnace has a Ti-gettered argon atmosphere and a water-cooled Cu hearth. Cooling water was 
maintained at about 15°C and melting was done at pure argon atmosphere with Ti-getter. Prior 
to melting the arc chamber was evacuated to 10-3 torr and back-filled with UHP argon 
(99.999%, airliquide) to a pressure of 40 Pa. To further ensure low-oxygen conditions, 40 
grams of CP titanium was remelted 5 times prior to HEA alloy synthesis to act as an oxygen-
getter. The granulated mixture was arc-melted for approximately 10 seconds on a water-cooled 
copper hearth. Ingots were inverted and remelted at least 5 times to obtain a homogenised 
composition. The apparatus has a capability of producing ingots of simensions 40mm x 26mm 
x 8mm.
 
3.4. Metallographic Preparation
 
In order to view the microstructure of the alloys, the specimens were cut across the cross-
section using a Struers precision cut-off wheel equipped with an Al2O3 blade (Accutom-50
cutter). To minimize the cutting damage to the surface layer, a medium cutting load, moderate 
cutting speed (3000 rev/min) and a slow feed rate (0.01 mm/sec) were used. Prior to mounting, 
the sections were ultrasonically cleaned in ethanol. All samples were mounted in a hot-
mounting epoxy resin (conductive polyfast resin) with reinforcing mineral filler (Struers 
Durofast), which created a gradual transition in hardness across the epoxy-specimen interface. 
Polishing of specimens began with 600, 1200 and 4000 grit size abrasive papers (Silicon 
Carbide) followed by polishing with MD-mol (particle VL]HRIȝPSROLVKLQJ force of 20 N
and for a duration of 20 minutes), MD-Dac (particle VL]HRIȝPSROLVKLQJIRUFHRI0 N and 
for a duration of 20 minutes) and MD-chem (OP-S, polishing force of 20 N and for a duration 
of 10 minutes) on a Rotopol-21 automatic polisher equipped with a Rotoforce-4 sample holder.
This polishing regime was designed to remove cutting damage on the sample edge and to retain 
sample planeness. Samples were cleaned in ethanol in an ultrasonic bath between polishing 
steps.
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3.5. X-Ray diffraction (XRD)
X-ray diffraction (XRD) was used to examine the phase constituents of the high entropy alloy 
specimens. The XRD spectra were obtained using an X-ray diffractometer (PANalytical 
X’PERT PRO) usinJPRQRFKURPDWLF&X.ĮȜ  Å) radiation at 40 kV and 30 mA. The 
X-ray diffraction (XRD) measurements were performed using a goniometer at a scanning range 
of 20ஈ <2ș< 120ஈ and a 0.05ஈ step size. The analysis was carried out on polished sample surfaces,
which are parallel to the direction of solidification, Fig.3.6.
Figure 3.6 XRD profiling of HEA samples with respect to solidification direction.
3.6. Chemical analysis using GD-OES
Glow-Discharge Optical emission Spectroscopy (GD-OES) is a method used for the bulk 
elemental analysis of homogenous samples and quantitative depth profiling of coating-
substrate systems or surface modified materials. The chemical homogeneity of AlxCoCrFeNi 
high entropy alloy samples was examined using quantitative depth profiling by Glow 
Discharge Optical Emission Spectrometer (LECO GDS 850A) with a Grimm type DC lamp, 
which was used to create a glow-discharge, Fig.3.7. A GDOES system consists of a discharge 
lamp, an optical spectrometer, and a data acquisition & processing system.
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Figure 3.7 LECO GDS 850A Glow-Discharge Optical emission Spectrometer.
The Grimm type DC lamp consists of a hollow copper tube, which acts as anode and the smooth 
flat sample surface place near anode acts as cathode. With the applied operating conditions 
(Argon pressure 9 torr, 700V, 20mA), the glow discharge is applied between the anode and the 
cathode, which results in sputtering of the sample surface with a stream of ionised argon atoms,
milling material from the samples surface, Fig. 3.8(a). The sputtered surface atoms are then 
excited in a low pressure plasma discharge and the resulting optical emission forms the atomic 
spectrum for the sample. The excited atoms enter the spectrometer chamber where they return 
to ground state and emit photons of light and every element can be identified by its unique 
spectro-chemical emission spectrum. The emitted light, whose energy is characteristic of the 
element from which it came, are then collected by photomultipliers, which allow the 
composition of the material be quantified, Fig. 3.8(b).  
After the analysis, the surface had a sputtered crater of 4 mm in diameter with a depth 
determined by the analysis depth. Bulk elemental analysis of high entropy samples were 
performed along various positions in the deposited direction and cross-section to ensure the 
chemical homogeneity.
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Figure 3.8 Schematic representation of the working principle of GDOES (a) glow discharge 
and sputtering of sample surface and (b) data acquisition and processing system.
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3.7. Mechanical testing
The specimens for mechanical testing were wire electrical discharge machined from the DLF 
and arc-melted (AM) ingots. Care was taken to ensure the loading direction of the test 
specimens to be parallel to the building direction (solidification direction), Fig. 3.9. Due to the 
limited thickness of the arc-melted samples, the largest 1.5 aspect ratio compression samples 
that could be obtained were 4 mm in diameter and 6 mm in height (parallel to the solidification 
direction). Due to this size limitation, the tensile samples of arc melted HEAs were not 
prepared.
 
(a) DLF ingots
 
(b) AM ingot
Figure 3.9 Schematic representation of mechanical test specimens of (a) DLF and (b) AM 
HEA ingots relative to the direction of deposition (solidification direction).
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 3.7.1.Compression testing
 
The compression testing of samples was performed using a Servotest Thermo Mechanical Test 
System (TMTS-500 kN), which is a computer controlled servo-hydraulic deformation 
simulator. This apparatus can be programmed to undertake a multi-step thermo-mechanical 
deformation schedule. The apparatus consists of 
1. Robot arm that controls the movement of sample during test
2. Induction furnace used to pre-heat the test piece
3. Test furnace where deformation takes place and
4. Servo-hydraulic ram which carries out the actual deformation
Compression samples with dimensions of 8 mm in diameter and 100 mm in height were 
prepared by -wire cutting from the direct laser sintered block. These cylinders were then sliced 
into samples of 8 mm diameter and a length of 12 mm (aspect ratio = 1.5). The samples were 
polished with 1200 and 4000 grit size emery papers, covered with Teflon tape, and graphite 
spray was then applied to the tool steel platens in order to reduce friction during compression 
testing. Three tests per alloy were performed at a strain rate of 1x10-3 s-1.
Due to the limited thickness of the arc-melted samples, the largest 1.5 aspect ratio compression 
samples that could be obtained were 4 mm in diameter and 6 mm in height. Since the area of 
contact was significantly smaller in this case, the load required to compress the arc melted
samples was also smaller than those from the larger DLF samples. Therefore, these samples 
were compressed on a 100 kN Instron load frame at a constant cross head speed corresponding 
to an initial strain rate of 1x10-3 s-1. All compression tests were stopped at a compressive true 
strain of 1.0 if failure had not already occurred. Three tests were performed for each 
composition and manufacturing route. 
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3.7.2.Tensile testing
Tensile tests were performed using an Instron 100 kN tensile machine. Specimens were 
prepared by wire cutting from blocks of DLF alloy with starting dimensions of 13 mm x 13 
mm x 100 mm. The specimen had a gage length of 16 mm with a cross-sectional area of 4 mm 
x 2 mm, Fig.3.9, and three tests were performed at an initial strain rate of 1x10-3 s-1. These 
samples were polished with 1200 and 4000 grit size emery papers prior to testing.
Figure 3.10 Schematic representation of tensile specimen. 
3.8. Scanning Electron Microscopy
The microstructural characterisation, textural orientation and local chemical composition of the 
samples ZHUHH[DPLQHGXVLQJD=HLVV6XSUD93VFDQQLQJHOHFWURQPLFURVFRSHZLWKDȝP
aperture operated in high current mode. Back scattered imaging of the high entropy alloy 
samples after metallographic preparation were performed at an operating voltage of 20 kV and 
a working distance of 6 mm. The local chemical composition of various samples were analysed 
with the aid of OXFORD X-Max EDS detector at an operating voltage of 20 kV and a working 
distance of 12 mm. The steps involved in the metallographic preparation for SEM analysis is 
explained in Section 3.4.
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The grain orientation measurements and textural analysis of the samples were performed using 
a Zeiss Leo 1530 SEM coupled with an OXFORD Nordlys EBSD detector at an operating 
voltage of N9DQGDZRUNLQJGLVWDQFHRIPPȝPDSHUWXUHDQGKLJKFXUUHQWPRGH
with the sample inclined at an angle of 70ஈ to horizontal axis. Electron back scattered diffraction 
is based on the generation of Kikuchi patterns and Channel 5 software developed by HKL 
Technology was used to index the live Kikuchi pattern collected on a phosphor screen and 
recorded by a CCD camera behind the phosphor screen [228, 229]. The electron beam was 
moved over the tilted specimen surface in a raster scan manner over a selected area, and the 
step size and magnification of the orientation map depends on the size of microstructural details 
to be studied. The main advantages of EBSD analysis is that analysis can be done on specific 
areas of interest with automated acquisition, rapidly over a large number of grains in a single 
map. The EBSD analysis of all deformed samples were performed longitudinal to the loading 
direction (Fig. 3.9).
+LJKDQJOHJUDLQERXQGDULHVLQFOXGLQJWZLQQLQJș!ஈ), and low angle grain boundaries (15ஈ
!ș!ஈ) can be identified and differentiated with the aid of band contrast and misorientation 
maps. The misorientation data from individual grains can be used to obtain misorientation 
distribution of the entire scan area. The textural evolution of different high entropy alloy 
samples during fabrication by arc-melting and direct laser fabrication, and different levels of 
deformation by tensile and compressive loading are studied by Euler angle colour coding or 
inverse pole figure colour coding. Euler angle colour coding is done by colouring the grains 
according to their Euler angles and in inverse pole figure colour coding, grains are coloured
according to the relationship between their crystal coordinate and a specific sample axis such 
as loading direction or rolling direction.
 
3.9. Transmission Electron Microscopy
 
To prepare for TEM analysis, thin VOLFHVRIVSHFLPHQVZLWKDWKLFNQHVVRIȝPZHUHFXW
from the bulk with a Struers Accutom-50 precision cut-off wheel equipped with an Al2O3 blade.
7KHVHVOLFHVZHUHFDUHIXOO\SROLVKHGGRZQWRDWKLFNQHVVOHVVWKDQȝPXVLQJ1200 and 4000 
grit size emery papers. Discs with 3 mm diameter were cut from this foil which was further 
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thinned to electron transparency by ion milling using GATAN precision ion polishing system 
at an operating power of 5 kV. 
TEM investigations were conducted using a JOEL 2100 LaB6 transmission electron 
microscope at an operating voltage of 200 kV, coupled with a Gatan Orius SC100 fast rate 
acquisition high resolution camera. The TEM foil out of the high entropy alloy sample was 
mounted in a double tilt holder and was inserted into the microscope. The crystallographic 
orientation of microscopic features on sub-micron or nano scale can be examined using selected 
area diffraction (SAD) pattern at the area of interest by inserting a suitable SAD aperture.  
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 Chapter 4 
Microstructure and mechanical behaviour of Direct 
Laser Fabricated AlxCoCrFeNi HEA
 
 
As discussed in chapter 2, AlxCoCrFeNi high entropy alloy system is one of the most 
extensively studied HEA systems due to its excellent combination of physical and mechanical 
properties [43-46], relative abundance and low-cost constituent elements, and the ability to 
modify crystal structures through the addition of aluminium [26, 88, 163]. All the previous 
works [26, 43-46, 88, 163] used vacuum arc melting for the fabrication of alloy samples and 
there is consensus in the literature that the progressive addition of Al stabilizes the BCC phase 
and that this is the main hardening factor for the system. Direct laser fabrication (DLF) 
technique is an important additive manufacturing route [25, 193] which can produce complex 
shaped components with a high degree of microstructural homogeneity as a consequence of
the rapid solidification which suppresses segregation [230]. DLF has been rarely employed for 
the fabrication of bulk high entropy alloy samples [180, 181, 230] and the prime aim of this 
study is to check the feasibility of DLF in producing homogeneous HEA samples. The 
significance of the rapid solidification conditions on the microstructural evolution of high 
entropy alloys are not very clear in the literature. 
This chapter aims to answer the research question: “Can chemically and microstructurally 
homogeneous bulk AlxCoCrFeNi HEAs be formed by DLF (from elemental blend)? What is 
the effect of aluminium concentration on the microstructure, phase evolution, mechanical 
properties (tensile and compressive) and deformation mechanism of AlxCoCrFeNi HEAs?” 
This is the first systematic study to assess the mechanical properties of DLF AlxCoCrFeNi 
HEAs. In addition to this aspect, it will be the first comprehensive study to examine both the 
tensile and the compressive properties of AlxCoCrFeNi HEAs with same composition and same 
fabrication route. 
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4.1. Effect of Al concentration on the microstructure of DLF-AlxCoCrFeNi 
 
4.1.1.Composition and crystal structure
Depositions of the AlxCoCrFeNi system with various concentrations of Al, varying from 0 at.% 
(x=0) to 24.1 at.% (x=1.2) were produced, based on the alloy strategy discussed in section 
3.1.1. The bulk chemical composition of the samples were examined with the aid of glow-
discharge optical emission spectroscopy, Table 4.1. The analysis was performed at various 
sections of the HEA samples, along and across the solidification direction to ensure the 
chemical homogeneity. This analysis showed good agreement with the composition of the 
starting powder mixture and the stoichiometry of the alloy, and was consistent along and across 
the building direction.
 
 
Table 4.1 Bulk chemical composition of AlxCoCrFeNi system determined by glow-discharge 
optical emission spectroscopy (accuracy of + 0.5 atomic %)
 
Alloy
Atomic %
Co Cr Fe Ni Al
Al0.3 23.4 22.9 23.3 23.1 7.1
Al0.4 22.8 22.5 22.9 22.6 9.2
Al0.6 21.4 20.9 22.8 21.6 13.3
Al0.7 21.6 20.7 21.5 21.3 14.9
Al0.85 20.2 20.7 21.1 19.8 18.3
Al1.2 19.6 19.1 18.8 19.4 23.1
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X-ray diffraction patterns of the alloy system are given in Fig.4.1, and it was observed that an 
increase in Al concentration stabilized the BCC phase in the system, which is consistent with 
previous reports on the arc melted AlxCoCrFeNi  alloy system in the literature [26, 88, 163].
Alloys with Al concentrations of more than 15 at.% (mole fraction of 0.7) exhibited a single 
phase BCC structure, and those with molar fractions less than 0.4 possessed a single phase FCC 
structure. The appearance of the minor (110)BCC peak in Al0.4 showed that the minimum mole 
fraction of Al required for the nucleation of BCC phase in direct laser fabricated AlxCoCrFeNi
alloy system was around 0.40. This peak may be attributed to the precipitates along the 
columnar grain boundary of the alloy. The (100)BCC diffraction peak is a forbidden reflection 
in BCC structures, and is only present in ordered BCC phases such as the B2 structure [165,
231]. This peak was first observed in the case of Al0.6CoCrFeNi HEA and all HEAs with 
aluminium mole fraction greater than 0.6 exhibited this peak. It can therefore be concluded that 
there is ordering in the BCC phase of these specimens.
 
Alloys with a molar fraction of Al between 0.4 and 0.7 had a dual phase structure and the 
percentage of BCC phase increased with an increase in the amount of Al in the system, Fig. 
4.1 (b). Wang et al. made the observation that the increase in Al concentration across the dual 
phase region did not vary the lattice constants of the FCC and BCC phases but only the relative 
amount of the phases, whereas the lattice constant of the alloy increased with increasing Al 
content for the single phase FCC and BCC regions [56]. A similar increase in the lattice 
parameter of the FCC and BCC alloys were evident from the slight shift of XRD peak towards 
lower values of 2ș with an increase in the Al concentration in the single phase regions, Fig. 
4.1. It was also observed that all single phase alloys except Al1.2 alloy possessed very intense 
(200) diffraction peaks.
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 Figure 4.1 XRD pattern of direct laser fabricated AlxCoCrFeNi HEA system for various mole 
fractions of Al.
4.1.2.Grain Morphology and orientation
The microstructures of the alloys were examined normal to the solidification direction using 
SEM (AsB imaging), Fig. 4.2. For the lowest Al concentration alloys, which were fully FCC, 
the grain structure was columnar with an average length of 1250 ȝm and a width of 200 ȝm, 
Fig. 4.2(a). With increasing Al concentration, the alloys became dual phase and Al0.6CoCrFeNi
had a Widmanstätten grain structure, similar to that in the case of alloy steels [232], Fig. 4.2(c).
A higher magnification image of the Al0.6CoCrFeNi alloy is shown in Fig. 4.4(c), where it can 
be seen that the Widmanstätten plates grow inside grains that are equi-axed in shape, and have 
an average size of 250 ȝm, Fig.4.3. The BCC Al0.7CoCrFeNi and Al0.85CoCrFeNi alloys had a 
columnar grain structure with an average length of 800 ȝm and a width of 150 ȝm, Fig. 4.2(d) 
and 4.2(e). The aspect ratio of these grains was similar to those in the FCC alloys. In the case
of the Al1.2CoCrFeNi alloy, equi-axed and columnar grains coexisted in the same matrix and 
were very fine compared to other alloys having an average size of 100 ȝm, Fig. 4.2(f). The 
average grain size of various HEAs are summarised in Fig. 4.3(c).
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Figure 4.2 Microstructure of DLF AlxCoCrFeNi HEA system for various mole fractions of Al
longitudinal to the direction of deposition (a) Al0.3CoCrFeNi, (b) Al0.4CoCrFeNi and (c) 
Al0.6CoCrFeNi alloy (d) Al0.7CoCrFeNi, (e) Al0.85CoCrFeNi and (c) Al1.2CoCrFeNi alloy.
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(c) Grain size of various HEAs
 
Figure 4.3 (a) Microstructure of Al0.6CoCrFeNi alloy with Widmanstätten grain structure and 
(b) the plate shaped constituent phases at higher magnification. (c) Graphical representation 
of the relationship between Al mole fraction and the average grain size of various 
AlxCoCrFeNi HEAs. 
Page | 102
The EBSD-IPF map of FCC- Al0.3CoCrFeNi alloy, dual phase Al0.6CoCrFeNi alloy and BCC 
Al0.85CoCrFeNi HEAs are given in Fig. 4.4. The columnar grains of Al0.3CoCrFeNi alloy
showed a strong (001) texture along the solidification direction (Fig. 4.4(a)). This was 
supported by the strong (200) diffraction peak in the XRD pattern of the alloy, Fig. 4.1. The 
Widmanstätten grain structure of the dual phase Al0.6CoCrFeNi alloy alloy showed a random 
texture, Fig. 4.4(b). The columnar grains of the Al0.85CoCrFeNi HEA also exhibited strong 
(001) texture along the solidification direction (Fig. 4.4(c)), also supported by the strong (200)
diffraction peak in the XRD pattern of the alloy, Fig. 4.1.   
         
(a) Al0.3CoCrFeNi alloy         (b) Al0.6CoCrFeNi alloy
 
(c) Al0.85CoCrFeNi alloy 
Figure 4.4 EBSD-IPF map of DLF (a) Al0.3CoCrFeNi alloy, (b) Al0.6CoCrFeNi alloy and (c) 
Al0.85CoCrFeNi alloy HEAs with direction of deposition parallel to vertical axis.
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 4.1.3.Microstructural analysis
The microstructural features of the alloys at higher magnification are examined in this section 
and presented in Figs.4.2 and 4.5. For Al0.3CoCrFeNi and Al0.4CoCrFeNi the SEM analysis 
showed a single phase microstructure, which was consistent with the XRD analysis. The EDS 
map of FCC structured Al0.3CoCrFeNi alloy is given in Fig. 4.6(a) and the constituent elements 
were found to be uniformly distributed in the FCC matrix. But the Al0.3CoCrFeNi and 
Al0.4CoCrFeNi alloys had few grain boundary segregations, which is discussed in detail in 
Chapter 5. 
Even though the XRD showed a dual phase structure for Al0.6CoCrFeNi alloy, SEM analysis 
showed the presence of three phases, Fig.4.5(c): plate shaped phase represented by A, a phase
represented by B in the inter-plate region and another phase labelled C with a net shaped 
morphology. The EDS analysis of the Al0.6CoCrFeNi alloy is given in Fig. 4.6(b). The plate 
shaped phase (A) was depleted of Al, but showed a uniform distribution of other constituent 
elements, similar to the FCC structured Al0.3CoCrFeNi alloy. The inter plate phase (B) was 
enriched in Ni and Al and the net shaped phase was enriched in Fe and Cr.  
For Al concentrations greater than 0.7, SEM analysis showed that the microstructure consisted 
of two phases. This was not consistent with the XRD analysis in Fig. 4.1, which showed a 
single phase BCC structure for these alloys. Energy dispersive spectroscopy (EDS) of the 
Al0.85CoCrFeNi alloy, Fig 4.6(c), showed that one phase was enriched in Ni and Al,
(represented by B in Fig. 4.5(e)) while the other was enriched in Fe and Cr (labelled C in Fig. 
4.5(e)). Similar elemental segregation was observed in the inter plate regions of Al0.6CoCrFeNi 
alloy and it can be interpreted from these observations that the plate shaped phase is the FCC 
phase and the inter plate phase is the BCC phase. With the progressive addition of aluminium, 
there observed a difference in the morphology of B phase and C phase. The C phase in the 
Al0.6CoCrFeNi (Fig. 4.5(c)) and Al0.7CoCrFeNi (Fig. 4.5(d)) showed a net shaped morphology 
with the distribution of cuboidal or plate shaped B phase in it. But the Al0.85CoCrFeNi (Fig. 
4.5(e)) and Al1.2CoCrFeNi (Fig. 4.5(f)) alloy had cuboidal particles of C phase with B phase 
as the matrix phase, and the particles were finer in the case of Al1.2CoCrFeNi alloy.       
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 Figure 4.5 Microstructure of DLF AlxCoCrFeNi HEA system for various mole fractions of Al 
longitudinal to the direction of deposition with A, B, C representing FCC phase, ordered B2 
phase and disordered BCC phase respectively.
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(a) Al0.3CoCrFeNi alloy
(b) Al0.6CoCrFeNi alloy
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 (c) Al0.85CoCrFeNi alloy
Figure 4.6 EDS map of (a) Al0.3CoCrFeNi, (b) Al0.6CoCrFeNi and (c) Al0.85CoCrFeNi alloy.
A more detailed analysis along the columnar grain boundaries in the DLF Al0.3CoCrFeNi alloy 
showed the presence of showed Al segregation (Fig. 4.7(a)) and second phase particles 
(Fig.4.7(b)). But these did not shown up in the XRD spectrum presumably a result of the 
volume fraction being below detection limits. Similar observations were made in the case of
laser fabricated Rene88DT superalloy, where low melting eutectics were precipitated along the 
columnar grain boundary and interdendritic region and was attributed to the rapid solidification 
rates associated with the fabrication route [221]. The elemental distribution in the second phase 
particles (Fig. 4.7(b)) of the alloy was found to be similar to the BCC phase in the EDS map of 
Al0.6CoCrFeNi alloy (Fig. 4.6(b)).
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(a) Al segregation along the grain boundaries
(b) Grain boundary precipitates
Figure 4.7 EDS map of (a) Al segregation and (b) Al-enrichment along grain boundaries of 
the Al0.3 alloy by DLF.
Page | 108
To confirm the presence and location of the ordered BCC phase, TEM imaging was performed 
on the Al0.85CoCrFeNi alloy and the corresponding selected area electron diffraction (SAED) 
pattern on the [001] zone axis is given in Fig.4.8. The preparation of the TEM foil out of the 
hard Al0.85CoCrFeNi alloy was challenging due to its brittle nature. The presence of (100) 
superlattice reflections in the SAED pattern (Fig. 4.8(b)) confirm significant ordering in the 
BCC structure of the alloy system. This is consistent with the previously reported literature on 
the alloys with similar lattice structure such as AlCoCrFeNi and AlCoCrCuFeNi [15, 73, 88,
233], where the phase rich in Ni and Al in these alloys had an ordered (B2) structure. Relating 
this to the EDS analysis and the location of the Ni-Al regions, it can be stated that the ordered 
BCC structure in the alloy produced in this study is interdendritic phase in Al0.6CoCrFeNi, a 
distributed phase in Al0.7CoCrFeNi and a matrix phase in Al0.85CoCrFeNi and Al1.2CoCrFeNi.
 
Figure 4.8 (a) TEM image and (b) corresponding SAED pattern of Al0.85CoCrFeNi alloy with 
[001] zone axis. 
 
The size and volume fraction of the second phase particles that developed in the alloy system 
are evaluated from SEM micrographs of the alloy with the aid of ImageJ software. The volume 
fraction and the size distribution of the particles are evaluated in terms of the area of the 
particles, after accurately adjusting the colour threshold of the particles and the spatial 
calibration of the SEM micrograph in the ImageJ software. The results are summarised in Fig 
4.9. Since most of these particles exhibited cuboidal or oblique shapes, the average particle size 
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is estimated in terms of diameter, assuming the particles to be spherical. It was observed that 
the volume fraction of the ordered B2 phase rich in Ni and Al increased with an increase in Al 
concentration, Fig.4.10. The Al0.7 alloy had a random distribution of fine cuboidal B2 particles 
with an average diameter of 350 nm (Fig. 4.9(a)) in the BCC matrix, Fig. 4.5(d) and the volume 
fraction of the B2 phase was a43%, Fig. 4.10. However, the Al0.85 alloy had B2 phase as the 
matrix and had a random distribution of modulated BCC particles (average diameter of 400 
nm, Fig. 4.9(b)) in the B2 matrix, Fig. 4.5(e) and the average volume fraction of the B2 phase 
in the alloy was 48%, Fig. 4.10. The Al1.2 alloy had a distribution of finer BCC particles 
(average diameter of 200 nm, Fig. 4.9(c)) in the B2 matrix (volume fraction of 54%), Fig. 
4.5(f), compared to Al0.85 alloy.
 
(a) Al0.7CoCrFeNi alloy 
(b) Al0.85CoCrFeNi alloy 
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(c) Al1.2CoCrFeNi alloy 
Figure 4.9 Particle size distribution in the matrix phase of (a) Al0.7CoCrFeNi, (b) 
Al0.85CoCrFeNi and (c) Al1.2CoCrFeNi.
Figure 4.10 The relationship between Al mole fraction and the volume fraction of various
phases (FCC, BCC and B2) in the AlxCoCrFeNi alloy system.
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Three alloys of the AlxCoCrFeNi HEA system were chosen to conduct a detailed analysis of 
the microstructural characteristics and the mechanical behaviour: Al0.3CoCrFeNi (FCC),
Al0.6CoCrFeNi (dual phase) and Al0.85CoCrFeNi (BCC), hereafter referred to as Al0.3, Al0.6,
and Al0.85.
The Al0.3 alloy exhibited excellent tensile properties and precipitation hardening behaviour [10,
79, 111, 211], and hence chosen from the FCC region of the alloy system. The dual phase Al0.6
alloy contained a high volume fraction of FCC phase (63%) along with hard B2 (30%) and 
BCC (~7%) phase and expected to have very good mechanical properties. Also the alloy 
exhibited a Widmanstätten grain structure, which is entirely different from other HEAs. The 
BCC AlxCoCrFeNi HEAs, especially AlCoCrFeNi exhibited very high strength [46], but the 
deformation behaviour and the strengthening mechanism of this alloy is not clear. Also there 
observed an increase in the volume fraction of B2 phase with increase in aluminium 
concentration and B2 phase is known for its limited ductility [234]. The Al0.85 alloy was chosen, 
as the minimum mole fraction of Al required to stabilise BCC phase in the arc melted alloy 
system was 0.85 [26].
The mechanical behaviour of these alloys under tensile and compressive loading is presented 
in the section 4.2. The microstructural characteristics and the mechanical properties of these 
alloys are compared to the arc melted alloys with same composition in Chapter 5 to assess the 
role of processing parameters, especially solidification/cooling rate. The role of post processing 
treatments such as hot isostatic pressing on the microstructure and the mechanical properties 
of these alloys are also evaluated in Chapter 6.
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4.2. Mechanical behaviour of DLF-AlxCoCrFeNi system
 
The mechanical properties of high entropy alloys in the literature are mostly available in terms 
of the compressive properties and microhardness. The mechanical behaviour and the 
deformation mechanism of the FCC, BCC and dual phase alloys of the AlxCoCrFeNi HEAs 
are still unclear. In this section, the compressive and tensile properties of three selected alloys 
were compared: FCC-Al0.3 alloy, dual phase-Al0.6 alloy and BCC-Al0.85 alloy. This will be the 
first comprehensive study to examine both the tensile and the compressive properties of FCC, 
BCC and dual phase (FCC+BCC) AlxCoCrFeNi HEAs and explains the reasons for the 
difference in the mechanical behaviour of the alloys with respect to loading direction and the 
deformation mechanism. 
 
 
4.2.1.Mechanical behaviour of the FCC-Al0.3 alloy
  
The macrostructure of the deformed FCC-Al0.3 alloy specimens after compression and tensile 
testing are shown in Fig. 4.11 and the flow curves in Fig. 4.12. It is apparent that the tension 
and compression data exhibit similar yield strengths (194 MPa), but markedly different work 
hardening behaviour after yielding for the different test orientations. A low degree of barrelling 
is observed for the compressed specimens (Fig. 4.11(a)), indicating low friction between the 
platen and sample and uniform deformation. The alloy exhibited a substantial and sustained 
work hardening rate for the duration of the test in compression, and did not fail even after a 
true strain of 1.0, at which point the test was stopped. Hence the fracture surface of the alloy
was not available for analysis. 
In tension however, the alloy showed minimal work hardening with a serrated flow behaviour 
and it failed at a true strain of 0.38, even though it had a similar yield strength to that in 
compression, Fig. 4.12. A similar tensile behaviour was observed in single crystals of this alloy 
produced by Bridgeman solidification with low strength, but very high plasticity (engineering 
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strain ~80%) under tensile loading [111]. This might be attributed to the lack of resistance of 
the columnar grains parallel to the tensile direction against deformation by stretching.
Figure 4.11 Macrostructure of Al0.3 samples after (a) compressive loading and (b) tensile 
loading, and (c) microstructure of the tensile specimen after failure, with arrows indicating 
the loading direction.
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 Figure 4.12 Flow curves of the Al0.3 under tensile and compressive loading.
After tensile loading, cracking was observed along the columnar grain boundary of all the three 
DLF Al0.3 tensile specimen, Fig. 4.11(c). This cracking resulted in a significant drop of the 
flow stress and hence the test was stopped at this point. This behaviour was unexpected, as 
FCC alloys normally exhibit cup and cone type fracture under tensile loading [148]. It has been 
observed that the laser fabrication route induces a columnar structure in alloys, with low 
melting eutectics along the columnar grain boundaries (Fig. 4.7) and these grain boundaries 
may be weakly bonded and cracks will initiate at these sites during tensile loading [235].
Similar phenomenon was observed in the laser fabricated Rene88DT superalloy, where the low 
melting eutectics along the columnar grain boundary and interdendritic region resulted in the 
premature failure of the alloy [221].
The deformed structure was further examined using electron microscopy. The EBSD map of 
deformed Al0.3 alloy to various strain levels is given in Fig. 4.13, which identified the twins in 
WKH FRPSUHVVLRQ GHIRUPHG VDPSOHV DV WKH FRPPRQO\ REVHUYHGȈ WZLQ WKDW LV REVHUYHG LQ
TWIP [236] and Hadfield steel [145] and has a characteristic rotation of 60+5ஈ about the <111> 
direction. No evidence of twinning was observed under compressive loading at a true strain of 
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0.20, Fig. 4.13(a). But the analysis indicated that the volume fraction of twins increased with 
compressive strain, having an approximate volume fraction of 7% and 21% after strains of 0.35 
(4.13(b)) and 0.5 (4.13(c)) respectively. A further increase in the volume fraction of twins with 
increase in applied strain level and were approximately 30% and 37% for true strains of 0.80 
(4.13(d)) and 1.0 (4.13(e))  respectively. In tension, however, there was no indication of 
twinning at any strain level in the sample, Fig. 4.13(f). 
Transmission electron micrographs revealed extensive twinning in Al0.3 alloy after 
compressive deformation. As can be seen in the TEM micrograph in Fig. 4.14(a), the twins 
were very fine, less than 50 nm thick in many cases.  However, since the step size used for the 
(%6'DQDO\VLVZDVȝP LW LV OLNHO\ WKDWPDQ\RI WKHILQHU WZLQVZHUHQRW UHVROYHGE\
EBSD and that the actual volume fraction of twins may be significantly higher than that 
indicated by the EBSD analysis. No evidence of twinning was observed in the alloy under 
tensile loading and it was found to deform by slip, Fig. 4.14(b).  
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Figure 4.13 EBSD map (grey scale band contrast) of DLF Al0.3 alloy samples deformed in 
compression and tension to various strain levels, and boundaries within 5 degrees of the twin 
orientation have been highlighted in yellow.
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(a) Compressive true strain = 1.0 
(b) Tensile true strain = 0.38
Figure 4.14 Transmission electron micrograph of the as-deposited Al0.3 alloy (a) deformation 
twins in a sample compressed to a strain of 1.0 and (b) deformed structure tested in tension to 
a true failure strain of 0.38.
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 4.2.2.Mechanical behaviour of the dual phase (FCC+BCC) Al0.6 alloy
The macrostructure of the compressive and tensile specimens of Al0.6 alloy after failure is given 
in Fig. 4.15. The failure occurred along a plane which is inclined 45ஈ to the loading axis in both 
the tensile (Fig. 4.15(a)) and compression (Fig. 4.15(b)) specimens. From the flow curves of 
the dual phase Al0.6 alloy under tensile and compressive loading, Fig.4.16, it is clear that there 
exists a significant asymmetry in the work hardening behaviour. The Al0.6 alloy exhibited a 
high yield strength of 400 MPa under tensile and compressive loading. But the plasticity and 
work hardening rates were superior in compressive loading, with a compressive plasticity of 
0.48 compared to a tensile plasticity of 0.27. Also the alloy showed a superior compressive 
strength of 1400 MPa, compared to a tensile strength of 920 MPa. Similar to the Al0.3 alloy, 
the Al0.6 alloy also showed flow serrations under tensile loading. 
 
 
Figure 4.15 Macrostructure of fractured Al0.6 specimen after (a) tensile and (b) compressive 
loading.
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 Figure 4.16 Flow curves of the dual-phase Al0.6 alloy under tensile and compressive loading.
The tensile specimen after failure showed a mixed fracture behaviour with a typical dimpled 
appearance for the ductile fracture surface, and a faceted appearance for the brittle fracture 
surface, Fig. 4.17(b). The brittle type fracture is reflected by the presence of flat facets, while 
the ductile type fracture is reflected in numerous dimples of different diameters surrounding 
the flat facets [147]. It is likely that during tensile deformation of the sample, cracks are formed 
at the interfaces of the BCC and FCC phases by brittle fracture and then the crack transforms
into voids by plastic deformation of the nearest, more ductile regions. The tensile deformed
alloy exhibited progressively increased alignment of the constituent phases along the tensile 
direction, Fig. 4.17(c), with the coarsening of the FCC phase along with the thinning and 
fragmentation of the B2 phase, compared to the undeformed sample (Fig. 4.17(a), AsB detector 
used for phase contrast). It was observed that the microvoid density in the specimen increased 
near the fracture surface (Fig. 4.17(d), secondary electron image without phase contrast taken 
ȝPIURPWKHIUDFWXUHVXUIDFH. A high density of microvoids near the fracture surface is 
generally associated with a high local true strain and failure of the dual phase alloy may be 
attributed to void formation and coalescence, during tensile testing.
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Figure 4.17 Microstructure of the (a) DLF Al0.6 alloy (b) fractured tensile surface, (c) 
microstructure of the tensile deformed DLF Al0.6 alloy and (d) presence of microvoids close 
to the fracture surface of DLF Al0.6 alloy (SE2 image).
The fracture surface of the compression deformed Al0.6 alloy also showed a mixed fracture 
behaviour (4.18(a)) with the typical dimpled appearance and a faceted appearance of a brittle 
fracture surface, Fig. 4.18(b). The microstructure of the compression deformed alloy is shown 
in Figs. 4.18 and 4.19. Compared to the tensile samples, the compression samples exhibited a 
true strain to failure of 0.48, even though both samples demonstrated similar yield 
characteristics. Evidence of mechanical twinning was observed in the FCC phase of the alloy
from SEM (Fig. 4.18(d)) and TEM micrographs (Fig. 4.19(a)) while the inter-plate B2 phase 
of the alloy deformed by slip, Fig. 4.19(b). The presence of (100) superlattice reflection in the 
SAED pattern of the inter-plate phase (Fig. 4.19(b)) enriched in Ni and Al confirmed the fact 
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that this phase has ordered BCC (B2) structure. The EBSD analysis (Fig. 4.19(c)) identified 
the twins in the FCC phase of the compression deformed alloy (true strain of 0.48) sample as 
WKHFRPPRQO\REVHUYHGȈ twins which has a characteristic rotation of 60+5ஈ about the <111> 
direction, similar to the FCC phase of the compression deformed DLF Al0.3 alloy.
 
 
Figure 4.18 SEM micrographs of (a) fracture surface of DLF Al0.6 alloy and (b) micrograph at 
higher magnification showing dimple morphology and cleavage facets after compression. 
The SEM micrograph of (c) the compression deformed Al0.6 alloy and (d) twinning in the 
FCC matrix at higher magnification after a true strain of 0.48 (failure strain).
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 (a) TEM image of mechanical twins in the FCC phase of DLF-Al0.6 alloy
 
(b)TEM image of dislocation activities in the inter-plate B2 phase of DLF-Al0.6 alloy and the 
corresponding SAD pattern along [012] zone axis  
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(c) EBSD map of deformed Al0.6 alloy in compression to a true strain of 0.48
Figure 4.19 Dislocation activities in the (a) FCC phase (showing mechanical twins), (b) B2 
phase and (c) EBSD map (grey scale band contrast, boundaries within 5 degrees of the twin 
orientation have been highlighted in yellow) of compression deformed DLF-Al0.6 to a true 
strain of 0.48.
4.2.3.Mechanical behaviour of the BCC-Al0.85 alloy
The XRD and SEM results of the Al0.85 alloy showed two phases: disordered BCC and ordered 
B2 crystal structures. The chemistry of the particles from EDS show that the smaller cuboidal 
particles are enriched in Fe and Cr, and the matrix is enriched in Ni, Al and Co. This is 
consistent with the literature where the particles were found to have a disordered BCC structure 
while the matrix phase has a B2 structure [88, 95, 117]. Since it is known that B2 alloys are are 
mechanically hard [234], nano-hardness was utilised to identify which of the phases in the 
present case is B2 and which is BCC. Since the particles in the alloy were very fine, their 
hardness was evaluated using nano-indentation, with the aid of UMIS 2000 Nano-indentation 
apparatus equipped with a Berkovich indenter. The test was conducted at a very small load of 
5 mN, so that the indentation would be constrained to the particles and the indents were made 
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in a grid (20*20) with a spacing of 10 ȝm between each indent. The results are summarised in 
Fig. 4.20.
 
Figure 4.20 Frequency distribution curve of the nano-hardness values of the Al0.85 alloy with 
A (BCC phase), B (both on BCC and B2 phases) and C (B2 phase) representing the hardness 
values of the indents on the constituent phases.  
A dummy indent was made at the start, close to the first indent in the grid and the indents are 
numbered chronologically in each array from left to right. The nanohardness values are 
matched with the SEM micrograph of each indent based on this identification system. It was 
observed that the matrix phase with a B2 structure had a very high hardness value of 9.5 + 0.5 
GPa (represented by C in Fig. 4.20), which was almost twice the hardness of the disordered 
BCC phase (5.1 + 0.3 GPa, represented by A in Fig. 4.20). Most of the indents were across 
both faces, and the hardness value lies between 5 GPa and 9 GPa (represented by B in Fig. 
4.20). These results were found to be consistent with a recent work on AlCoCrFeNi HEA [117]
where the B2 phase and FCC (A1) phases showed hardness values of 8.9 + 0.4 GPa and 4.3 +
0.3 GPa respectively. Thus the microstructure of Al0.85 alloy consists of a hard matrix (volume 
fraction 48%) with a random distribution of soft particles (volume fraction 52%).
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The alloy exhibited brittle fracture under tensile loading, whereas it possessed very good 
strength and reasonable ductility under compressive loading, Fig. 4.21. The failure in the 
compressed sample triggered at numerous points at a true strain of 0.24 and the failure was 
catastrophic. Hence the macroscopic image of the compression deformed specimen is not 
presented in this section. In order to analyse the deformation mechanism, the compression test 
was stopped at a true strain of 0.20. The alloy had a compressive plasticity of 0.24 with yield 
strength of 1400 MPa, but showed no signs of plasticity under tensile loading.  
 
Figure 4.21 Flow curves of the BCC Al0.85 alloy under tensile and compressive loading.
The tensile fracture surface of the DLF Al0.85 alloy is shown in Fig.4.22 with the fracture 
surface perpendicular to the loading direction, Fig. 4.22(a). At low magnification, the as-
deposited alloy sample showed a coarse cleavage faceted appearance of the tensile fracture 
surface (Fig. 4.22(b)). Higher magnification images confirm brittle, cleavage fracture of the as-
deposited alloy, with such characteristic features as flat facets, angular faceted steps, river-
pattern markings, cleavage feathers and tongues. River markings on the facets result from the 
propagation of the crack on a number of planes, (Fig. 4.22(c)) 
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 Figure 4.22 (a) Macrostructure of the fractured tensile specimen, (b) tensile fracture surface 
of Al0.85 alloy with cleavage facets and (c) microstructure at higher magnification showing 
river-pattern markings, cleavage feathers and tongues on the cleavage facets.
The compression specimens of the DLF Al0.85 alloy exhibited good plasticity with a true strain 
to failure of 0.24. The compression sample also showed cleavage fracture behaviour (Fig. 
4.23(a)) with flat facets, angular faceted steps, river-pattern markings, cleavage feathers (Fig. 
4.23(b)), similar to the tensile specimens. But the SEM micrograph of the fracture surface at 
higher magnification showed dimple like morphology, evidencing the compressive plasticity 
in the alloy (Fig. 4.23(c)). 
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 Figure 4.23 Microstructure of fracture surface of the Al0.85 alloy after compressive loading
exhibiting (a) cleavage fracture, (b) river-pattern markings and cleavage feathers on the 
cleavage facets, and (c) dimple like morphology at higher magnification showing the 
evidence of plasticity.
The deformation mechanism of the DLF Al0.85 alloy was further examined using TEM and 
SEM after compressing the sample to a true strain of 0.20 (to avoid fracture of the compression 
specimen). It was observed that the Al0.85 alloy deformed primarily by slip in compression, 
Fig.4.24. Compared to the matrix phase, the BCC phase showed high dislocation density, Fig. 
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4.24(b-c). The SEM analysis showed that despite the high volume fraction of precipitates, the 
slip traces are relatively flat (Fig. 4.25(a)), and do not appear to deviate between or around the 
particles (Fig. 4.25(b)). EBSD analysis of the compression deformed DLF Al0.85 alloy showed 
no evidence of twinning to a true strain of 0.20, Fig. 4.25(c).
Figure 4.24 TEM micrographs of the (a) dislocation activities in the Al0.85 alloy after a 
compressive true strain of 0.20 and (b-c) representing the dislocation activities in the BCC 
phase at higher magnifications.
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Figure 4.25 SEM micrograph of (a) compression deformed microstructure of the DLF Al0.85
alloy at a true strain of 0.20 and (b) dislocation lines through the constituent phases at higher 
magnification. (c) EBSD map (grey scale band contrast) of compression deformed DLF Al0.85
to a true strain of 0.20 and boundaries within 5 degrees of the twin orientation have been 
highlighted in yellow.
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 4.2.4.Slip trace analysis of the Al0.85 alloy
The Al0.85 alloy had a microstructure consisting of BCC particles in a B2 matrix. The volume 
fraction of precipitates was quite high, being 52 % as discussed in section 4.1.3. It is not yet 
clear regarding the material behaviour, if they deform by slip, or how the particles interact with 
the deformation process. This is the first study that examined the dislocation activities in the 
BCC alloys of AlxCoCrFeNi system. This was therefore investigated further in one chosen 
alloy.
In order to analyse the slip traces in the compressed samples of the Al0.85 alloy, a flat surface 
was made on the periphery of the compressed sample and metallographically polished to a 
mirror finish, as explained in session 3.3. The sample was then compressed to a true strain of 
0.05 using the Instron 100 kN frame, and care was taken to protect the sample from external 
contacts and further deformation in the form of scratches. The compressed specimen was then 
ultrasonically cleaned in ethanol and mounted on a stub for SEM analysis. The slip lines formed 
on the flat surface is directly examined using SEM. The applied true strain was limited to 0.05, 
as strain level causes high distortion of the polished surface and the degree of indexing in EBSD
analysis will be low. The crystallographic orientation of the flat surface after compression was 
obtained by SEM-EBSD mapping and the slip trace inclination with respect to the deformation 
direction was analysed by comparing the stereographic projection of each grain and its 
optical/SEM micrograph and the slip trace with minimum deviation was considered as the 
possible slip system for the given grain.
 
Since the slip traces were flat (Fig. 4.25), which is what we observed on conventional alloys, a 
slip trace analysis was possible in order to determine which slip system was active. The slip 
traces were analysed using the following method. EBSD was used to measure the orientation 
of grains, and the stereographic projection was used to determine which possible systems 
produced the slip trace on the surface. Slip traces were measured by SEM on samples that were 
perpendicular to the electron beam. The three possibilities examined were slip on {110., {112}
and {123} as these three planes are known to be active in BCC alloys [60]. The analysis was 
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performed for more than thirty grains and an example of the analysis method is shown in Fig.
4.26. This analysis is confined to the grains where slip lines were clear and good degree of 
indexing was possible in EBSD analysis. The alloy possessed slip traces corresponding to 
{110}, {123} and {112} planes along the <111> direction, but dominated by the {110}<111> 
system and the results are summarised in Table 4.2. 
(a) Optical micrograph of the Al0.85 alloy compressed to a true strain of 0.05 
(b) Slip trace on stereographic projection
Figure 4.26 SEM micrograph of the Al0.85 alloy (Grain 3 given in table 4.2) and 
corresponding trace on the stereographic projection.
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 Table 4.2 Active slip systems in different grains of the Al0.85 alloy after compression, with the 
likely (slip trace deviation < +2ஈ) and unlikely slip planes (slip trace deviation > +2ஈ).
 
Identifier slip plane
(110) (112) (123)
Grain 1 likely unlikely unlikely
Grain 2 unlikely unlikely likely
Grain 3 likely unlikely unlikely
Grain 4 unlikely unlikely likely
Grain 5 likely unlikely unlikely
Grain 6 unlikely likely unlikely
Grain 7 unlikely unlikely likely
Grain 8 unlikely unlikely likely
Grain 9 unlikely unlikely likely
Grain 10 likely unlikely unlikely
Grain 11 likely unlikely unlikely
Grain 12 likely unlikely unlikely
Grain 13 unlikely likely unlikely
Grain 14 likely unlikely unlikely
Grain 15 unlikely likely unlikely
Grain 16 unlikely unlikely likely
Grain 17 unlikely likely unlikely
Grain 18 likely unlikely unlikely
Grain 19 unlikely unlikely likely
Grain 20 likely unlikely unlikely
Grain 21 unlikely unlikely likely
Grain 22 unlikely unlikely likely
Grain 23 unlikely likely unlikely
Grain 24 likely unlikely unlikely
Grain 25 likely unlikely unlikely
Grain 26 unlikely likely unlikely
Grain 27 unlikely likely unlikely
Grain 28 likely unlikely unlikely
Grain 29 unlikely likely unlikely
Grain 30 unlikely likely unlikely
Grain 31 likely unlikely unlikely
Grain 32 likely unlikely Unlikely
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4.3. Discussion
4.3.1.Effect of Al concentration on the microstructure of the DLF-AlxCoCrFeNi system
In the case of alloys in the AlxCoCrFeNi system with low Al concentrations, no significant 
compositional segregation was observed in the FCC matrix, Fig. 4.5(a), except few grain 
boundary precipitates with very low volume fraction (Fig. 4.7). The constituent elements, 
including Al can be assumed to be randomly distributed in the FCC matrix with statistically 
expected occupancy according to the definition of high entropy alloys [1]. The FCC structure 
in this system, up to an Al mole fraction of 0.4, is attributed to the presence of austenite forming 
elements, which drives the system to the FCC structure [59]. Thus the laser fabricated Al0.3 and 
Al0.4 alloy had similar microstructural characteristics, as predicted by the equilibrium phase 
diagram of the AlxCoCrFeNi alloy system in the literature [91], Fig.4.27, which was 
constructed from the thermodynamic database of the constituent elements using CALPHAD.
Figure 4.27 Equilibrium phase diagram of the AlxCoCrFeNi system.
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 The equilibrium phase diagram of the alloy system predicted the presence of the FCC phase up 
to an Al mole fraction of 1.6, Fig. 4.27. But the laser fabricated Al0.7, Al0.8 and Al1.2 showed 
no signs of FCC phase in their microstructure, and thus they have non-equilibrium structures. 
In the DLF samples the heating and cooling are both rapid events and thus it does not produce 
equilibrium structures, which may explain the difference between the predicted phases and the 
observed phases after the laser fabrication route.
The presence of ordered (100)BCC peaks in the XRD pattern (Fig.4.1) and the TEM-SAED 
pattern of Al0.85CoCrFeNi alloy (Fig.4.8) is a result of the formation of an ordered phase, 
represented by B in Fig.4.5. Li et al. studied the influence of Al on the BCC phase of the 
AlxCoCrFeNi system and showed that an increase in Al concentration increased the amount of 
ordered B2 phase [15] and similar results were observed in the present study, Fig.4.10. Also 
there observed a difference in the morphology of the B2 and BCC phases of the alloy system 
with the progressive addition of aluminium. The disordered BCC phase in the Al0.6CoCrFeNi
(Fig. 4.5(c)) and Al0.7CoCrFeNi (Fig. 4.5(d)) had a (interconnected) net shaped morphology 
with cuboidal B2 particles randomly dispersed in it. But with the further addition of aluminium, 
there observed an interchange in the morphology between the B2 and BCC phases. The 
Al0.85CoCrFeNi and Al1.2CoCrFeNi alloys had B2 as the matrix phase with cuboidal BCC 
particles randomly dispersed in the matrix phase. Also the BCC particles in the Al1.2CoCrFeNi
(Fig. 4.5(f)) were fine compared to Al0.85CoCrFeNi alloy (Fig. 4.5(e)).
The B2 phase of the alloy had a uniform distribution of Ni, Al and Co and was depleted of Fe 
and Cr, Fig.4.6(c). This can be explained by the large difference in the change in enthalpy of 
mixing among the atomic pairs, as the atomic pairs with negative enthalpy of mixing tend to 
mix well [73] and result in a more homogenous intermixing during direct laser fabrication [25].
When compared to Cr, the relative concentration of Fe is greater in the ordered phase owing to 
WKH VLPLODU ODWWLFH SDUDPHWHUV RI Į-Fe (2.8665 Å) and NiAl (2.8864 Å) along with higher
solubility of Fe in NiAl [237]. The disordered BCC phase of the alloy was rich in Cr and Fe, 
and even though EDS map showed a homogenous distribution of constituent elements in this 
phase, recent atom probe studies in the BCC phase of AlCoCrFeNi [88] and AlCoCrCuFeNi 
[73] showed Fe-rich and Cr-rich regions of a few nanometres in width. This is analogous to the 
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alternating Cr-rich and Fe-/Fe-Co rich regions that develop by spinodal decomposition in Fe-
Cr [96] and Fe-Cr-Co alloys [97].
Laser fabrication has been used to examine other alloy systems. For example, bulk samples of 
simple binary titanium alloys (Ti-Cr, Ti-Nb) [25] and more complex titanium alloys 
(TiMoNbAlSi, TiCrNbAlSi) [238, 239] have been produced from elemental powder blends by 
laser engineered net shaping, a process similar to DLF with a different proprietary name.  An 
important finding from this work was that a more negative enthalpy of mixing of the constituent 
elements resulted in a more homogeneous intermixing in the melt pool and a rapid 
solidification rate [25]. In the case of the AlxCoCrFeNi system, the progressive addition of Al 
induced more negative enthalpy of mixing, owing to its very low enthalpy of mixing with other 
elements in the system, especially Ni and Co. Spinodal decomposition is an important phase 
transformation in which the phase change occurs by growth, without any nucleation stage. It
occurs in alloys where there is a miscibility gap so that a single solid solution decomposes into 
two solid solutions [138]. This process requires uphill diffusion and the boundary between two 
phases sharpens whereas other phase transformations with growth involve movement of an 
already sharp boundary between the two phases [240]. Spinodal decomposition has been 
observed in the BCC alloys of the DLF AlxCoCrFeNi HEAs in the present study and was 
similar to other arc melted HEAs in the literature such as AlCoCrFeNi [88] and AlCoCrCuFeNi 
[73].
 
 
4.3.2.Solidification behaviour of DLF-AlxCoCrFeNi system
The final microstructural features of any alloy depends on the casting conditions, especially 
the solidification conditions determined by the processing route, and the specific alloy 
composition [185]. These factors have a crucial role in determining the primary mode of 
solidification, solute redistribution/second phase formation during solidification, and the 
nucleation and growth behaviour of the alloy during cooling [186].
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Laser fabrication processing induces highly localized high heat inputs in very short interaction 
times, involving rapid cooling rates (103-106 Ks-1) and large thermal gradients (105-107 Km-1)
along the melt pool [204]. For the case of DLF, the thermal history is further complicated by 
the generation of a heat affected zone as the adjacent layers are subsequently deposited. It was 
also observed in the literature that these rapid solidification conditions induce large columnar 
or cellular growth [186] in alloys such as Ti-6Al-4V [196], AlSi10Mg [23],5HQHƍ superalloy 
[204] and Ni-20Cr alloy [187]. In the present case, most of the single phase alloys also 
produced a columnar structure, Fig. 4.2.
Alloy systems having a cubic crystal structure exhibit a loose-packed structure and low co-
ordination number on the {100} planes, and hence largest growth rate can be expected along 
the <100> directions [204]. The growth direction of columnar grains during solidification is 
typically found to be parallel to the dominant heat flow direction, with the preferred crystal 
growth direction being parallel to the long axis of the grain [185, 235]. Therefore in the present 
case, a strong preference for grains with <001> in the solidification direction was found in the 
case of the single phase alloys, Fig. 4.9(b-c). The high energy density of the laser gives rise to 
a directional heat transfer, that is from the deposited molten metal to the already consolidated 
layers opposite to the building direction and as a result gives rise to a directional solidification 
[241]. Also the laser partially remelts the previously remelted track thereby effectively fusing 
the tracks together to form a dense component and results in epitaxial growth, when the heat 
flow is favourably directed to the <100> crystal direction [23].
All alloys with a columnar grain structure in this work had very intense (200) diffraction peaks
(Fig. 4.1) and this indicates a strong cube solidification and growth texture. The laser fabricated 
Ni-Cr with columnar grain structure also showed similar characteristics and was attributed to 
a strong cube solidification and growth texture in the alloy [187]. A schematic representation
of the microstructural development in the laser deposition process is given in Fig. 4.28. The 
grains of the selective laser melted Ti-6Al-4V samples were reported [196] to be slightly 
inclined relative to the building direction, owing to the moving heat source and hence the heat 
extraction direction is not exactly perpendicular to the solid/liquid interface. This was found to 
be true in the case of the HEAs in this work, where the grains were slightly inclined to the 
solidification direction, Fig. 4.2.
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Figure 4.28 Schematic representation of deposition process in DLF.
The final microstructure of an alloy also depends on the rate of heat extraction from the melt 
during processing, which is strongly influenced by the local heat transfer conditions, especially 
the thermal conductivity of the alloy [196]. Previous studies on the AlxCoCrFeNi system 
concluded that the thermal conductivity of the system in the single phase region (FCC or BCC)
decreased with an increase in the Al concentration [45]. However, the duplex phase alloy had 
inferior thermal conductivity compared to the single phase alloys, owing to the scattering effect 
at the FCC-BCC grain boundaries. The single phase FCC alloys in the AlxCoCrFeNi system 
exhibited a columnar grain structure along the solidification direction, Fig. 4.2(a-b). The Al0.6
alloy with a (FCC+BCC) duplex structure exhibited an equi-axed structure with the constituent 
phases having a Widmanstätten plate structure, Fig. 4.2(c). There was a transition in grain 
structure from columnar (Al0.7CoCrFeNi and Al0.85CoCrFeNi) to equiaxed (Al1.2CoCrFeNi) in 
the BCC alloys with an increase in Al concentration, Fig. 4.2(d-f). This may be due to the 
Page | 138
 
increased lattice distortion of the BCC alloys with increased concentration of aluminium with 
large atomic size that reduced the thermal conductivity of the alloy [45]. The single phase 
alloys with high thermal conductivity produced columnar grains. The low thermal conductivity 
of the Al0.6CoCrFeNi alloy (owing to the incoherent dual phase structure) and the 
Al1.2CoCrFeNi (due to heavy lattice distortion) may account for the formation of an equiaxed 
grain structure. Thus the grain morphology of various alloys in the AlxCoCrFeNi system can 
be explained on the basis of the rapid solidification conditions associated with DLF and the 
thermal conductivity of various alloys in the system.  
Apart from the chemical composition and the physical properties of the alloy, the processing 
parameters of the alloy system also played a crucial role in determining the grain morphology. 
Different grain morphologies such as columnar, dendritic or cellular structures can be produced 
using laser fabrication technique, Fig. 2.24, and a detailed discussion is made in section 2.4.2. 
The formation of equiaxed microstructures is a highly challenging aspect to additive 
manufactured metals.  Currently the field is looking to modify the deposition process
parameters [25, 113, 196] in order to control the grain morphology and texture [23] in 
conventional Ti-, Al- and superalloys. A recent work on the selective laser melted CoCrFeNi 
alloy showed the improvement in the yield strength of the alloy from 402 MPa to 600 MPa by 
changinJ WKH GHSRVLWLRQ OD\HU WKLFNQHVV IURP  ȝP WR  ȝP [113]. This was due to 
insufficient laser beam melt penetration depth to fully fuse the 50 ȝPWKLFNOD\HUV, leading to 
increased number of internal defects in the bulk CoCrFeNi alloy. Thus further work is required 
to optimise the deposition process to obtain favourable microstructural characteristics in HEAs 
(preferably equi-axed structure) and improved mechanical properties.
In the present work, the BCC phase appeared in the XRD pattern at an Al mole fraction of 0.4, 
where as it was observed for a mole fraction of 0.45 in the case of arc-melted samples [26].
Also an Al mole fraction of 0.7 led to a BCC structure with columnar grains for the DLF alloy 
in the present work, but the same composition by arc melting had a FCC/BCC dual phase 
structure in the literature [56, 90] (see comparative microstructures in Fig.4.29).
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Figure 4.29 Comparison of the microstructure of the Al0.7CoCrFeNi alloy by (a) direct laser 
fabrication in the present work and (b) arc-melting in the literature [56].
Additionally, arc melting required a minimum Al mole fraction of 0.85 to stabilise the BCC 
phase in the AlxCoCrFeNi system [26, 90], whereas in the present work, DLF required a lower 
Al mole fraction of 0.7. A comparison of the FCC and BCC phase boundaries of the arc melted 
alloy system in the literature [26, 90] and the DLF alloy system (discussed in section 4.1.3 and 
Fig. 4.10) is compared in Fig. 4.30. This suggests that the solidification parameters associated 
with the processing route for HEAs not only affect the grain size and morphology, but also the 
phase formation. This difference in the grain morphology, phase evolution and the process-
induced textural evolution in the selected alloys of the AlxCoCrFeNi system will be closely 
examined in the next chapter (Chapter 5).
 
 
Figure 4.30 Effect of Al mole fraction in the the AlxCoCrFeNi alloys on the phase boundaries
of DLF samples in the present work and AM samples from the literature [26, 90].
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 4.3.3.Relationship between microstructures and mechanical properties of DLF HEAs
 
From the microstructural and flow stress analysis, it is clear that the Al0.3 alloy behaves 
differently in tension and compression. The loading axis of the compressive and tensile samples 
were parallel to the direction of deposition which had a strong alignment with the <001> fibre 
texture, Fig. 4.4. Unlike slip, twinning is polar in nature. It can only accommodate shape change 
in certain directions. It therefore seems likely that the <001> directions are well oriented for 
twinning in compression, but poorly oriented for twinning in tension. The mechanical twins
Ȉ WZLQV in the TWIP (twinning induced plasticity) steels has also shown similar 
characteristics, where WKHȈWZLQVDUHDFWLYDWHGGXULQJFRPSUHVVLRQDORQJ!EXWthe same 
orientation deforms primarily by slip in tension [145, 236]. This is due to the low Taylor factor 
of the <001> orientation, which favours cross slip, relieving the stress concentration required 
for twinning. It therefore seems likely that this same effect occurs in the FCC high entropy 
alloy examined in this study. It exhibited similar yield characteristics in tension and 
compression for the same initial <001> texture, which implies the initiation of slip occurs at 
similar strain level, resulting in similar yield strength. However, the prolific twinning in 
compression led to a significantly increased work hardening rate in that case.
 
Another difference between the tensile and compressive behaviour of the Al0.3 alloy is the strain 
to failure. This too can be explained by the different deformation behaviours in tension and 
FRPSUHVVLRQ7KHȈWZLQFDQDFFRPPRGDWHDODUJHDPRXQWRIVWUDLQ in alloy steels (especially 
high manganese steels), having a twinning shear of 0.7 [153, 154]. The activation of twinning 
therefore extends the plasticity that can be accommodated by this alloy and this is a reported 
phenomena in other alloys such as Fe-Si and CoCrFeMnNi [110, 242]. The failure of the tensile 
samples were due to the cracking along the columnar grain boundaries and might be due to the 
presence of Al-rich and second phase grain boundary precipitates (Fig. 4.7). In order to improve 
the tensile properties, these precipitates have to be eliminated and the role of homogenising 
effect of the hot isostatic pressing is performed in chapter 6. However, in the case of the Al0.3
alloy, it has been demonstrated that the room temperature deformation behaviour of the 
columnar grains with strong <001> texture can be well described by the dislocation slip 
(tension) and deformation twinning (compression).  
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Another interesting observation in the present study was the flow serrations that were evident 
in the tensile test data of Al0.3 alloy (Fig. 4.12) and Al0.6 alloy (Fig. 4.16). Dynamic strain 
ageing is known to be correlated with the interaction of solutes with dislocations [159], with 
solute pinning leading to the development of the plastic instabilities responsible for flow 
serrations. High entropy alloys are known to exhibit low rates of diffusion [35] and this may 
be a contributing factor to the flow serrations that were observed. Dynamic strain ageing may 
also have contributed to the poor ductility of the as-deposited Al0.3 and Al0.6 alloy specimens 
tested in tension (compared to compression), as the deformation during serrated flow is 
inhomogeneous and localised in bands [161, 162]. Serrated flow has been observed in several 
other high entropy alloys such as CoCrFeMnNi and Al0.5CoCrCuFeNi in certain regimes of 
temperature (especially at temperatures above 673 K) and strain rate [110, 160], and the reason 
is not clear.
 
The room temperature yield strength (tensile and compressive) of the dual phase Al0.6 alloy
was found to be more than twice the yield strength of the Al0.3 alloy owing to the presence of
the hard B2 phase. It was observed in the literature that alloys with a similar dual phase 
structure as Al0.6 such as Ni-Fe-Al exhibited an excellent combination of strength and ductility
in tensile loading [243]. The plastic flow in these alloy systems was confined to the soft FCC 
phase during deformation and the hard B2 phase acted as obstacle to the dislocation motion. 
Also the pile-up of dislocations were observed at the interfaces in these dual phase structures 
and the effective strength of the system is determined by the distribution and the morphology 
of the particles with respect to the loading direction [244]. The tensile sample of the dual phase 
Al0.6 alloy sample exhibited transgranular cleavage in the B2 phase and dimple fracture in the 
FCC phase, Fig. 4.17(a), similar to other dual phase alloys such as Ni-30Fe-20Al in the 
literature with similar microstructural morphologies [245]. Thus the failure of the dual phase
Al0.6 alloy under tensile loading might be due to combined action of formation of microvoids
at the FCC/B2 interface (Fig. 4.17(d)) and its coalescence, the cleavage fracture of the B2 phase
and the subsequent propogation of the crack into the surrounding FCC phase.
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In the compression deformed Al0.6 alloy, the extensive plasticity is a result of the arresting of 
crack propagation in the hard B2 phase by the soft FCC phase. The compressive flow strength 
close to (or beyond) 1.4 GPa observed in the DLF Al0.6 alloy was much higher than a number 
of advanced superalloys. Although the relevant strengthening mechanism of the Al0.6 alloy with 
a dual phase structure is not clear at the moment, the hardening mechanisms could include the 
deflection of cleavage cracks originated in the B2 phase by the surrounding FCC phase, 
Orowan strengthening by dislocation bowing, strengthening by particle shearing, or the 
material could be behaving like a composite in which the strength is simply found by a rule of 
mixtures. In the Al0.6 alloy, the most likely strengthening mechanism is the large number of 
randomly distributed hard B2 precipitates in the FCC matrix, which act as strong obstacles to 
the mobility of dislocations [243, 245].
The asymmetry in the plasticity and strength of the as-deposited Al0.6 alloy under tension and 
compression (Fig. 4.16) might be attributed to the difference in the mechanical response of the 
B2 phase during tensile and compressive loading, where the B2 alloys showed limited tensile 
ductility [234, 243, 246, 247]. In the present case the fracture surface of the tensile and 
compressive specimens was found to be a45ஈ to the loading axis, Fig. 4.15. This might be due
to the propogation of crack originated in the brittle B2 phase to the surrounding ductile FCC 
phase (Figs. 4.17 and 4.18) along with the nucleation, growth and the subsequent coalesce of 
the microvoids along plane of maximum shear stress [60, 147].
 
A combination of SEM, XRD and nanohardness showed that the Al0.85 alloy possessed a 
composite structure with a hard matrix phase rich in Ni-, Al- and Co- with soft BCC particles 
rich in Cr-, Fe- and Co- distributed throughout the matrix, Figs. 4.5(c) and 4.6(c). The nano-
hardness test on the constituent phases showed that the B2 phase (a9.5 GPa) is almost twice as 
hard as the BCC phase (a5 GPa), Fig. 4.20. Thus the mechanical properties of the alloy under 
tensile and compressive loading is a consequence of the composite response of the constituent 
phases. Also it is very important to understand the response of each phase and its interaction 
with the dislocations generated in the alloy under different loading conditions to explain the 
tension-compression asymmetry in the alloy. From the slip trace analysis, section 4.2.4, it was 
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observed that the {110}, {112} and {123} slip planes were active in the Al0.85 alloy, similar to 
the conventional BCC alloys VXFKDVĮ-Fe [148]. To the best of our knowledge, this is the first 
work that studied the deformation mechanism and dislocation activities in BCC HEAs with the 
aid of slip trace analysis (Fig. 4.26).
The possible strengthening mechanisms in conventional alloys are solid solution strengthening,
precipitation hardening, dislocation strengthening and grain size hardening. In the present case
the extremely high strength in the spinodal decomposed Al0.85 alloy was found to be similar to 
other spinodal decomposed alloys in the literature [96, 248-250]. Also the alloy has an unusual 
microstructure with a hard matrix phase (B2 structure) and relatively soft BCC precipitates, 
Figs. 4.5(e) and 4.20. The volume fraction of the second phase (BCC) precipitates is high, 52%.
However, in the present case the particles are the soft phase and the matrix is the hard phase. 
Therefore the traditional notion of precipitation strengthening is not valid, since these are based 
on the assumption that the particle is the harder phase. It is likely in the present case that the 
strong matrix phase dictates yielding, and that after slip is initiated in the matrix, dislocations 
continue unimpeded through the softer coherent BCC particles (Fig. 4.25). In the case of BMG 
composites ( Ti- or Zr- based glassy matrix with with ductile BCC particles), it has been shown
that interaction and multiplication of shear bands with crystalline phases is capable of 
enhancing plasticity under compressive loading, but not sufficient to overcome early necking 
of BMG composites under tension [251] and this is likely to also be the case of Al0.85 alloy.
The Al0.85 alloy showed good ductility in compression which may be attributed to the soft 
disordered BCC precipitates. In the case of Ni-Al-Fe alloy with soft BCC particles in a B2 
matrix similar to Al0.85 alloy, it was shown that the soft BCC particles accommodates shear 
during compressive loading and allows the hard B2 phase to shear more easily [252]. It was 
observed in the literature that the introduction of ductile phases into brittle materials such as
NiAl [253] and bulk metallic glasses [254] improved the ductility, and this toughening was 
attributed to the bridging, blunting or the deflection of the cracks nucleated in the hard matrix 
phase by the ductile phase. The compressive properties of the Al0.85 alloy in the present work 
was comparable to these systems (NiAl [253] and bulk metallic glasses [254] with ductile 
phases) and BCC spinodal alloys (Fe-Cr, Fe-Cr-Co, Fe30Ni20Mn25Al25) with 
microstructures similar to the Al0.85 alloy [96, 248-250], with failure in a perfect plastic mode.
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The slip trace analysis of compressed Al0.85 alloy showed evidence of the {110}, {123} and 
{112} slip systems (section 4.2.4). Also it was observed that the transfer of slip lines across 
the BCC and B2 phases in compression deformed Al0.85 alloy (Fig. 4.25) and resulted in the 
enhancement of plasticity by the effective distribution of strain across the constituent phases.
The Al0.85 alloy showed brittle behaviour under tensile loading, Figs. 4.21 and 4.22. It is a well-
established fact that the B2 alloys such as NiAl have limited tensile ductility at room 
temperature [255]. The Al0.85 alloy hadhigh density of soft BCC phase (Fe, Cr, Co) in the hard 
B2 matrix (Ni, Al, Co) and during tensile loading the microvoids are likely to form at the 
interfaces of the hard B2 and soft BCC particles. This may explain the fracture of Al0.85 alloy 
in tensile loading, before any evidence of yielding. The coalescence of numerous microvoids 
into large cracks leads to brittle fracture, which was found to be in a plane normal to the tensile 
axis of the sample and is shown in Figs. 4.22(a) and 4.31(a). Also in tensile loading, the normal 
stress had an opening effect on the cracks nucleated during deformation [254]. Secondary 
cracks were also observed in the vicinity of the primary crack ZLWKLQȝP in the tensile 
specimen Fig. 4.31(b-c). The poor interfacial strength between the BCC and B2 phases of the 
Al0.85 alloy is likely to be the reason for low plasticity in tension, Fig. 4.31(d).
Spinodal decomposed nanostructures with BCC and B2 phase similar to the Al0.85 alloy were 
observed in near equi-atomic FeMnNiAl alloy [255] and this alloy had no room temperature 
plasticity. This is consistent with literature reports on spinodal alloys where poor interfacial 
strength between the phases has been observed previously [249, 256, 257] and resulted in 
limited room temperature tensile ductility. A recent work on the arc melted/HIP AlCoCrFeNi 
HEA with a composition similar to the Al0.85 alloy in this work also reported limited tensile 
ductility and was attributed to the poor interfacial energy between the constituent phases (A1 
(FCC) and B2 phases) with fine modular structure [117]. The poor interfacial strength in all 
these alloys arises from the strain incompatibility among the constituent phases during tensile 
loading as a result of the differences in the lattice parameters, chemical composition, elastic 
modulus and hardness among the constituent phases. It is proposed to be the reason for the 
limited tensile ductility of DLF Al0.85 alloy in the present work.
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Figure 4.31 Microstructure of the (a) primary crack, (b-c) secondary cracks and (d) secondary 
crack along the boundaries of the constituent phases in the Al0.85 alloy after tensile failure.
To conclude, the excellent ductility of Al0.85 alloy in compression might be attributed to: (i) the 
normal stress in compressive loading that inhibits the nucleation and propagation of cracks, as 
this stress acts in such a way that it will not allow the crack to open (ii) the presence of large 
density of relatively soft BCC particles (volume fraction a52%) in the hard B2 phase and (iii) 
the transfer of mobile dislocations across the constituent phases and effective strain distribution 
among the BCC and B2 phases. But the poor interfacial energy between the BCC and B2 phases 
might resulted in poor tensile ductility and hence significant tension-compression asymmetry 
in strength and ductility.
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 4.4. Conclusions
Various alloys of AlxCoCrFeNi HEA system were successfully fabricated using DLF under 
optimised processing conditions. The role of the Al concentration on the microstructure, phase
evolution, mechanical properties under tensile and compressive loading and the deformation 
mechanism of FCC, FCC/BCC and BCC HEAs was systematically studied in this chapter and 
the results can be summarized as follows:
¾ The progressive addition of Al stabilised the BCC phase in the AlxCoCrFeNi alloy 
system and this was consistent with the literature. The system exhibited a single phase 
FCC structure for low Al concentrations (mole fraction less than 0.4). With a further 
increase in Al concentration the microstructure of the alloy developed into three phases: 
FCC, BCC and ordered BCC phase, probably B2 (mole fraction between 0.4 and 0.7).
Above an Al concentration of 0.7, the alloys had a two phase microstructure (spinodal 
decomposed BCC and B2)
¾ The FCC alloys of the AlxCoCrFeNi alloy system exhibited a columnar grain structure 
which can be attributed to the rapid solidification conditions of the fabrication route 
and high heat extraction from the melt, resulting in a strong directional solidification. 
¾ The BCC alloys with a lower Al concentration such as Al0.7CoCrFeNi and 
Al0.85CoCrFeNi also had a columnar microstructure. However, there was a transition in 
structure from columnar to equiaxed with increase in Al, owing to the reduced heat 
extraction rate. The reduction in thermal conductivity of the system with an increase in 
the amount of Al resulted in this phenomenon.
¾ The FCC/BCC two phase Al0.6CoCrFeNi alloy in the system exhibited equiaxed 
structures even after rapid solidification conditions, owing to its low thermal 
conductivity. Also the FCC phase of the alloy showed Widmanstätten plates with BCC 
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phase in the inter plate regions and the scattering effect at the FCC-BCC grain 
boundaries may resulted in reduced heat extraction during the deposition process and 
resulted in the equiaxed structure with Widmanstätten plate shaped morphology.
¾ The rapid solidification conditions during the processing of high entropy alloys not only 
affect the grain size and morphology of the alloy, but also the phase evolution. In the 
case of the AlxCoCrFeNi alloy system, it was observed that the BCC phase is stabilised 
for a lower mole fraction of Al in the DLF samples, compared to the arc-melted samples 
in the literature.
¾ The FCC- Al0.3 alloy exhibited a low yield strength followed by an excellent work 
hardening behaviour. The room temperature deformation behaviour of the alloy can be 
well described by the mechanisms of dislocation slip and deformation twinning. The 
grain morphology and initial texture of the alloy was found to influence the mechanical 
behaviour of the alloy significantly under various loading conditions. Also a very high 
stress (a550 MPa) is required to initiate mechanical twinning in the alloy. The 
mechanical properties of the alloy was found to be analogous to TWIP steels.
¾ The dual phase (FCC+BCC) Al0.6 alloy showed an excellent combination of strength 
and ductility. The mechanical behaviour of the alloy was found to be strongly 
influenced by the morphology and the distribution of the B2 phase in the FCC matrix. 
The excellent ductility of the alloy was attributed to the ease of slip nucleation and 
deformation of the hard B2 phase due to the dislocation activity in the ductile FCC 
phase.
¾ The Al0.3 and Al0.6 alloys demonstrated similar yield strengths under various processing 
conditions but also showed significant asymmetry in mechanical behaviour under 
tensile and compressive loading. The mechanical behaviour of these alloys was strongly 
influenced by various microstructural aspects including grain morphology, texture and 
particle distribution in the matrix. 
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¾ The BCC- Al0.85 alloy exhibited very high strength and reasonably good ductility under 
compressive loading. But the alloy exhibited a brittle behaviour under tensile loading 
and hence exhibited significant tension-compression asymmetry in yield strength and 
work hardening behaviour.
¾ The FCC phase of the AlxCoCrFeNi alloy system was found to deform by mechanical 
twinning and the BCC phase by slip. The transition in dislocation activity from 
twinning in FCC phase to slip in BCC phase may be attributed to the increase in Al 
concentration. The absence of twinning in the BCC phase may be an indicative of the 
increase in the stacking fault energy of the AlxCoCrFeNi alloy system with increase in 
the Al concentration.
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Chapter 5 
Comparison of the microstructure and mechanical 
properties of DLF and vacuum arc-melted 
AlxCoCrFeNi HEAs
 
 
In this chapter, the microstructures of three DLF HEAs are compared with their vacuum arc 
melted (AM) counterparts to assess the role of solidification conditions on the microstructural 
evolution of the system. In the section 4.3.2 of the previous chapter, the FCC and BCC phase 
boundaries of the AlxCoCrFeNi alloy system as a function of the aluminium mole fraction for 
the DLF samples produced in the present work and the arc melted samples in the literature was 
compared (Fig. 4.30). It appears from this comparison that the DLF under rapid solidification 
conditions stabilises the BCC phase at lower Al concentrations (mole fraction of 0.7) compared 
to AM (mole fraction of 0.85) AlxCoCrFeNi HEAs from the literature [26, 90]. Based on this, 
three alloys were selected which predicted FCC (Al0.3), BCC (Al0.85) and dual phase structure 
(Al0.6) for both fabrication routes. This allows the direct comparison of the phases, 
microstructures and mechanical properties of DLF and AM HEAs. 
In this chapter, the bulk chemical composition (glow-discharge optical emission spectroscopy,
GDOES), local chemical composition (SEM-EDS), grain morphology, compressive properties 
and deformation behaviour of the DLF and AM alloys were compared. The arc melting furnace 
used in this work (section 3.3) can produce only small samples, insufficient for preparing 
tensile samples of AM HEAs and hence a comparative study on the tensile properties were not 
made in this work. A concise and focussed study is presented in this chapter and published in 
[235], which aims to answer the research question “How do the microstructure and the 
mechanical properties of DLF alloys vary from arc melted alloys with different solidification 
rates?”.
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 5.1. Chemical composition and crystal structure
 
The bulk chemical composition of the samples determined by glow discharge optical emission 
spectroscopy at various sections along the deposition direction of the alloy samples (as 
discussed in section 3.6) are shown in Table 5.1. This analysis showed good agreement with
the composition of the starting powder mixture and the stoichiometry of the alloy samples 
under both fabrication routes. Thus DLF permits the preparation of HEA samples in one 
melting cycle, compared to the more commonly employed AM which require multiple
remelting cycles (as discussed in section 3.3) to ensure same level of microstructural 
homogeneity in HEAs [235].
Table 5.1 Bulk chemical composition of (a) DLF and (b) AM high entropy alloys determined 
by glow-discharge optical emission spectroscopy.
(a) DLF
Alloy
Atomic % (+ 0.5)
Co Cr Fe Ni Al
Al0.3 23.4 22.9 23.3 23.1 7.1
Al0.6 21.4 20.9 22.8 21.6 13.3
Al0.85 20.2 20.7 21.1 19.8 18.3
(b) AM 
Alloy
Atomic % (+ 0.5)
Co Cr Fe Ni Al
Al0.3 23.4 23.5 23.0 22.8 7.3
Al0.6 20.7 22.1 22.8 20.8 13.6
Al0.85 21.6 23.9 23.1 20.7 18.1
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The x-ray diffraction patterns of the three selected alloys produced by DLF and AM are shown 
in Fig.5.1. A strong correlation between the x-ray diffraction spectra was observed for 
corresponding alloys produced by the two techniques. The XRD pattern of Al0.3 alloy showed 
it to be a single phase FCC structure and a strong (200)FCC diffraction peak was observed under 
both processing routes. The AM and DLF Al0.6 samples were found to have diffraction peaks 
corresponding to both FCC and BCC phases. However, the AM sample (Fig. 5.1(b)) possessed 
a significantly stronger (200)FCC diffraction peak compared to the DLF sample (Fig. 5.1(a)).
The presence of a (100)BCC diffraction peak indicates the presence of an ordered BCC phase in 
the Al0.6 alloy produced by both processing methods. The Al0.85 alloy produced by both 
processing routes showed diffraction peaks corresponding to the BCC phase, with a strong 
(200)BCC diffraction peak in both cases. In the DLF Al0.85 alloy, the (200)BCC diffraction peak 
showed the strongest intensity (Fig. 5.1(a)). The Al0.85 alloy samples produced by both 
techniques exhibited a (100)BCC diffraction peak, which represents ordering in the BCC phase. 
 
 
(a) DLF
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(b) AM
Figure 5.1 XRD spectra of the AlxCoCrFeNi alloys produced by (a) DLF and (b) AM.
 
5.2. Microstructural analysis
The microstructures of DLF and AM Al0.3 alloys parallel and normal to the solidification  
showed a columnar grain structure of the DLF Al0.3 alloy longitudinal to the build direction
(TD in Fig. 5.2) and equiaxed grains normal to the build direction (CS in Fig. 5.2). The 
FROXPQDUJUDLQVRIWKHDOOR\VKRZHGDQDYHUDJHOHQJWKRIȝPDQGDQDYHUDJHZLGWKRI
200+30 ȝP Similarly, the FCC alloy produced by AM had a columnar structure in the 
solidification direction and an equiaxed structure transverse to the solidification direction, with 
grain sizes similar to the corresponding DLF alloy.
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Figure 5.2 Microstructure of the DLF ((a), (c) and (e)) and AM ((b), (d) and (f)) FCC-Al0.3
alloy, where TD, CS and HM represent transverse direction (view normal to the direction of 
solidification), view normal to the cross-section and high magnification (view normal to the 
direction of solidification) respectively.
Figure 5.3 shows the compositional analysis of the DLF and AM Al0.3 alloy using SEM-EDS. 
No significant compositional segregation was observed in the FCC matrix of either DLF (Fig. 
5.3(a)) or AM (Fig. 5.3(b)) Al0.3 alloy samples. As showed in chapter 4 (section 4.1.3), a small 
number of grain boundaries in the DLF alloy showed Al segregation (Fig. 4.7(a)) and second 
phase particles (Fig. 4.7(b)), but these did not appear in the XRD spectrum presumably a result 
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of the volume fraction being below detection limits. An EDS map of AM- Al0.3 alloy is shown 
in Fig. 5.3(b). No such precipitates were observed in the microstructure of the AM FCC alloy,
which may be attributed to the numerous remelting cycles employed in the process which 
dissolved these precipitates.
(a) DLF-Al0.3 alloy 
 
(b) AM-Al0.3 alloy 
 
Figure 5.3 EDS map of (a) DLF and (b) AM Al0.3 alloy.
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 Comparative microstructures of the two phase (FCC+BCC) Al0.6 alloy fabricated by DLF and 
AM and varying magnifications are shown in Fig.5.4. As described in the previous chapter 
(chapter 4), the DLF Al0.6 alloy had Widmanstätten plates grow inside grains that are equi-axed 
in shape, and have an average size of 250 ȝm along (TD, Fig. 5.4(a)) and across (CS, Fig. 
5.4(c)) the direction of deposition, similar to the Widmanstätten structure observed in steels 
[232]. The FCC Widmanstätten plates (volume fraction ~63%) were mostly separated by B2 
phase and in some regions by a spinodal decomposed BCC (B2+disordered BCC) phase. Also 
as discussed in section 4.1.3 of chapter 4, the B2 phase of the alloy was enriched in Ni and Al 
(volume fraction ~30%) and the disordered BCC phase with net shaped morphology (volume 
fraction ~7%) was enriched in Fe and Cr. Even though the EDS map of DLF Al0.6 alloy was 
presented in chapter 4, it is shown here along with the EDS map of AM Al0.6 alloy for the sake 
of direct comparison, Fig. 5.6.
In comparison, AM induced a coarse dendritic structure in the Al0.6 alloy with a FCC structure. 
The inter-dendritic region was composed of B2 phase and a spinodal decomposed BCC phase
(BCC+B2). The axis of these FCC dendritic grains was perpendicular to the copper mould wall
of the arc melting furnace. The grain morphology of the constituent phases of the DLF and AM 
Al0.6 alloys showed large differences and another comparison of the microstructures of the 
alloys was made at a higher magnification than TD (Figs. 5.4(a-b)) and is given in Fig. 5.5. As 
discussed in previous chapter, the DLF Al0.6 alloy showed equi-axed grain structure with 
Widmanstätten plates of FCC phase inside it. These FCC plates were separated by B2 phase, 
and in some regions by spinodaly decomposed BCC+B2 phases, Fig. 5.5(a). The AM Al0.6
alloy showed the presence of FCC phase in the dendritic region and spinodaly decomposed 
BCC+B2 phase in the interdendritic region, Fig. 5.5(b). The B2 phase of the alloy was enriched 
in Ni and Al and the disordered BCC phase was enriched in Fe and Cr, Fig. 5.6(b). The 
morphology and size of the constituent phases of the DLF and AM alloys were different (Fig. 
5.4), but the elemental distribution among the phases were similar (Fig. 5.6). Another 
significant difference between the AM and DLF samples was the difference in the size of the 
second phase BCC particles enriched in Fe and Cr, even though it showed a net shaped 
morphology in both cases. DLF produced coarser BCC particles (Figs. 5.4(e) and 5.6(a)) 
compared to the AM condition (Figs. 5.4(f) and 5.6(b)).  From the EDS map of the AM Al0.6
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alloy in Fig. 5.6(b), a thin layer (width ~0.50 ȝm) of B2 phase enriched in Ni and Al was 
present along the grain boundaries of dendritic FCC phase.
 
 
Figure 5.4 Microstructures of the DLF ((a), (c) and (e)) and AM ((b), (d) and (f)) Al0.6 alloy, 
where TD, CS and HM represents transverse direction (view normal to the direction of 
solidification), view normal to the cross-section and high magnification (view normal to the 
direction of solidification) respectively.
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Figure 5.5 Comparison of microstructures of Al0.6 alloy by (a) DLF showing a plate shaped 
morphology for the constituent phases and (b) AM showing  coarse dendritic FCC phase, 
interdendritic BCC+B2 phase and B2 phase along the grain boundaries of FCC phase.
 
 
 
 
 
(a) DLF Al0.6 alloy 
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 (b) AM Al0.6 alloy  
Figure 5.6 EDS map of (a) DLF and (b) AM Al0.6 alloy.
The microstructures of the DLF and AM Al0.85 alloy samples are shown in Fig. 5.7. The DLF 
Al0.85 alloy had a columnar grain structure along the direction of deposition (represented by 
TD, Figs. 5.7(a-b)) and an equiaxed structure across it (represented by CS, Figs. 5.7(c-d)).
However, a transition was observed in the structure of the AM Al0.85 alloy from columnar grains 
close to the chill zone (copper mould wall of the arc melting furnace) to equiaxed grains 
towards the centre of the specimen.  
As found for the DLF Al0.85 alloy (Fig. 5.1(a)), the XRD spectra of AM Al0.85 also indicated a 
single phase BCC structure with ordered (100) diffraction peak (Fig. 5.1(b)). But the SEM 
analysis showed the presence of two phases: B2 phase enriched in Ni and Al and a disordered 
BCC phase enriched in Fe and Cr (Fig. 5.8). As for the DLF Al0.85 alloy, this suggests that both 
the particle and matrix have a BCC structure and similar lattice parameters, and that this is 
likely to be a spinodaly decomposed microstructure. This type of microstructural observation 
has been made previously in the case of AM high entropy alloys such as AlCoCrFeNi and 
AlCoCrCuFeNi [26, 88].
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Figure 5.7 Microstructures of the DLF ((a), (c) and (e)) and AM ((b), (d) and (f)) Al0.85 alloy, 
where TD, CS and HM represents transverse direction (view normal to the direction of 
solidification), view normal to the cross-section and high magnification (view normal to the 
direction of solidification) respectively.
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 (a) DLF Al0.85 alloy  
 
(b) AM Al0.85 alloy   
 
Figure 5.8 EDS map of (a) DLF and (b) AM Al0.85 alloy.
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The chemistry and morphology of the particles of DLF and AM Al0.85 alloys were similar, 
although the particles were larger for the case of the DLF samples (Fig. 5.7(e)). The particle 
size distribution of the disordered BCC phase in DLF and AM Al0.85 alloys are evaluated from 
the SEM micrographs alloy specimens with the aid of ImageJ software after employing an 
automated thresholding procedure for the image analysis, and is shown in Fig. 5.9. The 
disordered BCC particles in the laser fabricated Al0.85 alloy had an average area of 0.15 ȝP2
(mean particle diameter a4QPFRPSDUHGWRȝP2 (mean particle diameter a200 nm) in 
the case of the vacuum AM samples. The size distribution of the particles is mentioned in terms 
of area, as most of the particles showed a cuboidal or complex shaped morphology (represented 
by HM, Figs. 5.7(e-f)) and the mean diameter may be calculated assuming the particles to be 
spherical.
 
Figure 5.9 Particle size distribution of disordered BCC phase in the (a) DLF and (b) AM
Al0.85 alloy.
A comparison of the grain sizes of the DLF and AM Al0.3, Al0.6 and Al0.85 alloys are shown in 
Fig. 5.10. Both the DLF and AM Al0.3 alloys exhibited columnar grain structure with a length 
LQH[FHVVRIȝPDQGDQDYHUDJHZLGWKRIȝP7KHUHwas observed a marked difference 
in the grain morphologies of DLF and AM Al0.6 alloys. The DLF Al0.6 alloy showed an equi-
axed grain structuUHZLWKDQDYHUDJHVL]HRIȝP)LJDThe AM Al0.6 alloy showed 
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DFRDUVHGHQGULWLFVWUXFWXUHZLWKDQDYHUDJHOHQJWKRIȝPDQGDQDYHUDJHZLGWKRI
ȝP)LJE7KH'/)Al0.85 alloy had a columnar grain structure with an average length 
of 800 ȝm and an average width of 170 ȝm (Fig. 5.10(a)). However, the AM Al0.85 alloy showed 
two grain morphologies: a columnar grain structure with an average length of 800 ȝm and an 
average width of 170 ȝm at the edges close to copper mould wall during arc melting and an 
equi-axed grain structure with an average size of 170 ȝm towards the centre of the sample.
 
Figure 5.10 Comparison of the grain sizes (with error bars) of Al0.3, Al0.6 and Al0.85 HEAs by 
(a) DLF and (b) AM.
 
 
The volume fraction of the constituent phases in the DLF and AM Al0.3, Al0.6 and Al0.85 HEAs 
are summarised in Fig. 5.11. Both the DLF and AM Al0.3 alloys showed FCC structure even 
though very low volume fraction (< 2%) of secondary phases were observed along the grain 
boundaries of DLF Al0.3 alloy. The DLF Al0.6 alloy had Widmanstätten plate shaped FCC phase 
(volume fraction of 63%) along with B2 phase on the inter-plate region (volume fraction of 
30%). As shown in Fig. 5.5(a), some inter-plate regions were occupied by spinodaly 
decomposed BCC+B2 phases and the total volume fraction of the disordered BCC phase was 
low (volume fraction of 7%) compared to the FCC and B2 phases of the DLF Al0.6 alloy.
However, in the case of the AM Al0.6 alloy, there observed an increase in the volume fraction 
of the disordered BCC phase (volume fraction of 14%) compared to the DLF alloy (volume 
fraction of 7%). The AM Al0.6 alloy had FCC phase (volume fraction of 68%) in the dendritic 
region and spinodaly decomposed BCC+B2 in the interdendritic region, Fig. 5.11(b). The B2 
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phase of the AM Al0.6 alloy had a volume fraction of 18% compared to 30% in the case of DLF 
alloy.
 
Figure 5.11 The relationship between Al mole fraction and the volume fraction of various 
phases (FCC, BCC and B2) in the (a) DLF and (b) AM AlxCoCrFeNi HEAs.
 
 
5.3. Crystallographic texture analysis
Grain orientation maps of Al0.3, Al0.6 and Al0.85 HEA samples longitudinal to the direction of 
deposition (solidification direction) determined by EBSD are given in Figs. 5.12-5.14. The 
EBSD maps of DLF alloys were already discussed in the previous chapter, are presented here 
for the purposes of comparison. As evident from the IPF map and inverse pole figures of the 
DLF and AM Al0.3 alloys, the columnar grains of the DLF (Fig. 5.12(a)) and AM (Fig. 5.12(b))
alloys had a strong orientation towards the <001> direction. Thus the columnar grains of the 
Al0.3 alloy exhibited a strong <001> texture longitudinal to the direction of deposition (parallel 
to the solidification direction). The presence of a strong (200)FCC diffraction peak in the XRD 
pattern of the alloys shown in Fig. 5.1 also indicated a strong alignment of the <001> direction 
in the growth direction. 
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 (a) DLF
 
(b) Vacuum AM
Figure 5.12 EBSD-IPF map and inverse pole figure of the (a) DLF and (b) AM Al0.3 alloy
with vertical direction longitudinal to the solidification direction.
For the dual phase Al0.6 alloy, the plate shaped FCC phase and the inter-plate BCC phase had 
a random orientation in the DLF condition, Fig. 5.13(a). However, after AM, the coarse 
dendritic FCC structure had a strong orientation towards <001> direction evident from the 
inverse pole figure in Fig. 5.13(b). Hence the coarse dendritic FCC phase of the AM Al0.6 alloy 
showed a strong <001> cube texture along the solidification direction, Fig. 5.8(b). The presence 
of a high intensity (200)FCC diffraction peak in the XRD pattern of AM Al0.6 alloy, given in 
Fig.5.1(b), evidenced this observation. 
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(a) DLF
 
(b) Vacuum AM
Figure 5.13 EBSD map and inverse pole figure of the (a) DLF and (b) AM Al0.6 alloy (FCC 
phase in red and BCC phase in yellow colour) with vertical direction longitudinal to the 
solidification direction.
 
 
For the BCC-Al0.85 alloy, DLF produced columnar grains and the EBSD analysis showed a 
strong orientation of the columnar grains of the alloy towards <001> direction (Fig. 5.13(a)). 
The EBSD analysis also showed the strong orientation of the columnar grains towards <001> 
direction (Fig. 5.13(b)). Thus the columnar grains of the Al0.85 alloy also showed a strong 
<001> cube texture longitudunal the solidification direction, similar to the columnar grains of 
the Al0.3 alloy. In contrast, the equi-axed grains towards the centre of the AM Al0.85 alloy had 
random orientations, Fig. 5.13(b). The XRD spectra of the DLF-Al0.85 alloy, given in Fig. 
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5.1(a), had strong (200) diffraction peak, confirming the strong textural growth for the 
columnar grains.  Even though the XRD spectra of the AM-Al0.85 alloy, given in Fig. 5.1(b)
also showed relatively strong (200) diffraction peak, it exhibited other strong peaks such as
(110), evidencing partial texture in the alloy.
 
(a) DLF
 
 
(b) Vacuum AM
Figure 5.14 EBSD IPF maps and inverse pole figures of the (a) DLF and (b) AM Al0.85 alloy
with vertical direction longitudinal to the solidification direction.
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5.4. Compressive properties of the AlxCoCrFeNi alloys
 
The compressive flow curves of the DLF and AM samples are given in Fig.5.15. It was found 
that the yield strength and ultimate strength of the DLF and AM AlxCoCrFeNi alloys increased 
with the progressive addition of Al and the compressive properties are summarised in Fig. 5.16.
Even though the yield strength (Fig. 5.16(a)) and the ultimate strength (Fig. 5.16(c)) of the 
alloy system increased with increasing Al concentration, there was a reduction in the plasticity 
(Fig. 5.16(b)) and work hardening exponent (Fig. 5.16(d)) with the progressive addition of Al, 
Fig.5.16. The work hardening exponent, also known as strain hardening index (n) is measured 
as the natural logarithm (ln) of the ratio of true stress to true strain. Further the yield strength 
of the Al0.3, Al0.6 and Al0.85 alloy showed similar yield strength, independent of manufacturing 
technique, Fig. 5.16(a). But the ultimate strength of the DLF alloys were higher than the AM 
HEAs, Fig. 5.16(c).  
The DLF Al0.3 alloy with columnar structure had a yield strength of 194 MPa (Fig. 5.16(a))
and exhibited substantial and sustained work hardening for the duration of the test (Fig. 
5.16(d)), and did not fail even after a true strain of 1.0, at which point the test was stopped (Fig. 
5.16(b)). The AM Al0.3 alloy also exhibited similar flow curve under compression (Fig. 
5.15(b)), with same yield strength (Fig. 5.16(a)), work hardening behaviour (Fig. 5.16(d)) and 
low degree of barrelling during deformation (Fig. 5.15(c)). Both the DLF and AM alloys had 
a compressive strength of 1420 MPa corresponding to a true strain of 1.0, Fig. 5.16(c).The 
compressive flow curves of the AM and DLF Al0.3 alloy were similar to common engineering
FCC alloys with a low yield strength, very high plasticity and excellent work hardening 
behaviour.
The DLF Al0.6 alloy with a FCC/BCC two phase structure showed a yield strength of 400 MPa 
and failed at a true strain of 0.48. The AM Al0.6 alloy sample had a similar yield strength (Fig. 
5.16(a)), but a significantly better elongation to failure of 0.78 compared to the DLF alloy (Fig. 
5.16(b)), with a low degree of barrelling (Fig. 5.15(c)). The the ultimate strength of the AM 
Al0.6 alloy was 1325 MPa compared to 1420 MPa in the case of DLF Al0.6 alloy.
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The DLF Al0.85 alloy having a spinodal decomposed BCC structure had the highest strength 
among the selected alloys with a yield strength of 1400 MPa and an ultimate strength 2150 
MPa with a true strain of 0.245 at fracture, Fig. 5.15(a). The AM sample also showed similar 
yield strength of 1400 MPa (Fig. 5.16(a)) and a true strain to failure of 0.245 (Fig. 5.16(b)), but 
an ultimate strength of 1950 MPa (Fig. 5.16(c)). Thus the DLF alloy showed better strength 
compared to the AM alloy. Even though the failure of the compression deformed Al0.85 alloy
triggered at numerous locations, the main fracture plane was inclined ~45ஈ to the loading axis 
(Fig. 5.15(c)).
 
(a) DLF AlxCoCrFeNi system 
 
(b) AM AlxCoCrFeNi system
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(c) Compression deformed AM HEA samples
Figure 5.15 Compressive flow curves of the (a) DLF and (b) AM AlxCoCrFeNi HEAs. The 
macrostructure of compression deformed AM HEAs are given in (c).
 
Figure 5.16 Role of Al concentration on (a) yield strength, (b) ductility/true strain to failure, 
(c) ultimate strength and (d) work hardening exponent (with error bars) of DLF and AM
AlxCoCrFeNi alloy system under compressive loading.
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5.4. Analysis of deformed microstructures
A detailed analysis of the mechanical behaviour of the DLF Al0.3 alloy was made in the sections 
4.2.1 and 4.3.3. It was observed that the columnar grains of this alloy showed excellent 
compressive plasticity and did not fail even at true strain of 1.0, the point at which test was 
stopped. The twins were found to be very fine (less than 50 nm thick, Fig. 4.14(a)) and the 
EBSD analysis showed the twins to EHȈWZLQZLWKDFKDUDFWHULVWLFURWDWLRQRI+ 5)ஈ about 
the <111> direction (Fig. 4.13) with a twin volume fraction of 37%.
Examples of the deformed structure of the AM Al0.3 alloy are shown in Fig. 5.17. It was 
observed that after a true strain of 1.0, the FCC matrix of the alloy had a large density of twins,
Fig. 5.17(a) and SEM micrograph at higher magnification showed the twins to be very fine, 
Fig. 5.17(b). The microstructure of the deformed samples after compression were further 
analysed with electron backscattered diffraction (EBSD), given in Fig. 5.17(c), which 
LGHQWLILHGWKHWZLQVDVWKHFRPPRQO\REVHUYHGȈWZLQWKDWLVREVHUYHGLQ7:,3[236] and 
Hadfield steel [145] after deformation and has a characteristic rotation of (60 + 5)ஈ about the 
<111> direction. The AM Al0.3 alloy had a twin volume fraction of approximately 35%, similar 
to that in the case of DLF Al0.3 alloy. Thus both the DLF and AM Al0.3 alloys with similar grain 
morphologies (Fig. 5.2) showed similar mechanical properties (Fig. 5.16) and deformation 
behaviour under compressive loading.
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Figure 5.17 SEM micrograph of AM-Al0.3 alloy compressed to a true strain of 1.0: (a) 
compression deformed microstructure and (b) high magnification micrographs showing 
twinning. (c) EBSD map (grey scale band contrast) of compression deformed AM-Al0.3 to a 
true strain of 1.0 and boundaries within 5 degrees of the twin orientation have been 
highlighted in yellow.
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 The microstructure of the Al0.6 alloy was quite different for the two processing methods. This 
is likely to be the reason that there is significant difference in the mechanical behaviour of this 
alloy processed by the two different methods. A detailed analysis of the mechanical behaviour 
of the DLF Al0.6 alloy was made in the section 4.2.2. The DLF alloy showed a significantly 
lower ductility than the dendritically structured AM sample (Fig. 5.16), probably because of 
its Widmanstätten microstructure and the deformed structure is given in Fig. 4.18. The FCC 
matrix of the DLF alloy showed WKHHYLGHQFHRIILQHȈWZLQ)LJDZLWKDFKDUDFWHULVWLF
rotation of 60+5ஈ about the <111> direction (Fig. 4.19(c)).
The microstructure of the compression deformed AM Al0.6 alloy is given in Fig. 5.18. Even 
though the true strain to failure was higher in the case of AM samples (true strain to failure of 
0.78), it exhibited inferior work hardening behaviour when compared to DLF samples (true 
strain to failure of 0.48). This is due to the coarse dendritic structure of AM Al0.6 alloy with 
large dendritic FCC columns and BCC phase in the inter-dendritic region. The EBSD analysis 
showed the twins in the FCC phase of the compression deformed AM Al0.6 alloy (Fig. 5.18(b))
as the coPPRQO\REVHUYHGȈ twins which has a characteristic rotation of 60+5ஈ about the 
<111> direction (Fig. 5.18(c)). This large columnar FCC phase in the AM alloy accommodated 
large plasticity by the formation of a higher number of twins (Fig. 5.18(c)), compared to the 
plate shaped FCC phase in the DLF sample (Fig. 4.19(c)).
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 Figure 5.18 SEM micrograph of AM Al0.6 alloy after a compressive true strain of 0.78: (a) 
compression deformed microstructure and (b) high magnification micrographs showing 
twinning in the FCC phase. (c) EBSD map (grey scale band contrast) of compression 
deformed AM-Al0.6 to a true strain of 0.78 and boundaries within 5 degrees of the twin 
orientation have been highlighted in yellow.
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The Al0.85 alloy showed the highest strength among the selected alloys in the current work, see 
Fig. 5.16. As discussed in section 4.2.3, the DLF Al0.85 alloy possessed very high strength (yield 
strength and ultimate strength of 1400 MPa and 2150 MPa) and the fracture of the alloy 
occurred at numerous locations after a true strain of 0.245 under compressive loading. The 
EBSD analysis of the alloy showed no evidence of twinning to a true strain of 0.20 (Fig. 
4.25(c)) and deformed by slip (section 4.2.4). Even though the DLF alloy failed in a brittle 
manner (Fig. 4.23(a)), the presence of fine dimple like morphology in Fig. 4.23(c) explain the 
reason for the plasticity in this alloy. 
The cleavage fracture morphology of the AM Al0.85 alloy (Fig. 5.19(a)) was similar to the DLF 
Al0.85 alloy with fine dimple morphology evidencing plasticity (Fig. 5.19(b)). The failure of the 
AM Al0.85 alloy in compression was triggered at numerous points similar to the DLF Al0.85
alloy samples (Fig. 5.15(c)). The analysis of the compression deformed AM Al0.85 alloy to a 
true strain of 0.20 showed the presence of slip lines (Fig. 5.20(a)) in the microstructure through 
the constituent phases (Fig. 5.20(b)). The EBSD analysis of the AM Al0.85 alloy showed no 
evidence of twinning in the alloy up to a true strain of 0.20, Fig. 5.20(c). Thus the fracture 
mechanism of DLF and AM Al0.85 alloy can be concluded to be cleavage fracture and slip 
separation, which was similar to that of the AM AlCoCrFeNi alloy reported in the literature 
[84].
Figure 5.19 SEM micrograph of (a) fracture surface of AM Al0.85 alloy after compressive 
loading (b) DLF and (c-d) AM Al0.85 alloys after compressive loading.
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 Figure 5.20 SEM micrograph of (a) compression deformed microstructure of the AM Al0.85
alloy at a true strain of 0.20 and (b) dislocation lines through the constituent phases at higher 
magnification. (c) EBSD map (grey scale band contrast) of compression deformed AM-Al0.85
to a true strain of 0.20 and boundaries within 5 degrees of the twin orientation have been 
highlighted in yellow.
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 5.5. Discussion
5.5.1. Effect of solidification behaviour (of the processing route) on the microstructural 
evolution
Both the AM and DLF Al0.3 alloy exhibited columnar grain structure with strong <001> texture.
The direction of columnar grains in a cast alloy is normally parallel to the dominant heat flow 
direction, and grains with a large thermal gradient parallel to the preferred growth direction 
grow more rapidly than their less favourably oriented neighbours [185]. It is well-established 
that the <100> direction is the preferred growth direction from liquid to solid in the case of 
alloys with a cubic structure [185]. Consequently, <100> oriented columnar grains will grow 
parallel to the direction of heat flow. Thus the <100> lattice of the alloy might be favourably 
oriented along the direction of heat flow during the fabrication processes (DLF and AM)
imparting a strong fibre texture over the entire length of the specimen. As discussed in chapter 
4, it is much more likely that the processing parameters in the present case allowed the grains 
of Al0.3 to grow epitaxially, which created a strong <100> fibre texture along the build direction 
in the HEA sample. In the case of AM, the direction of columnar grain growth was 
perpendicular to the mould wall, along which heat extraction is rapid.
There was a significant difference in the microstructure of the Al0.6 alloy after laser fabrication 
and AM. The difference in the microstructural evolution observed can be attributed to the 
difference in the solidification rates of the two processes. AM is characterized by a low thermal 
gradient in the melt pool and relatively low cooling rate (10-100 Ks-1), whereas DLF involves 
a more rapid cooling rate (103-106 Ks-1) and large thermal gradient (105-107 Km-1) along the 
melt pool [204]. As previously discussed in Chapter 4, the laser fabricated samples have a 
complicated thermal history due to the generation of a heat affected zone as the adjacent layers 
are subsequently deposited. Since lower cooling rates promote dendritic growth, whereas faster 
cooling rates produce cellular or columnar growth [186] it is likely that the lower cooling rate 
in the case of AM has resulted in the creation of the coarse dendritic microstructure that was 
observed in the Al0.6 alloy.
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The DLF-Al0.85 alloy exhibited a columnar grain structure and showed a strong <001> texture 
which was almost parallel to the direction of deposition. The AM-Al0.85 alloy also exhibited 
columnar grains close to the mould wall and these grains also showed a strong <001> texture.
The axis of the grains were normal to the mould wall and this might be due to the rapid heat 
extraction from the melt to the water cooled Cu mould. Also there observed a transition in the 
grain morphology from columnay to equi-axed towards the centre of the sample. The very 
intense (200) peak in the XRD pattern of the single phase alloys also indicated that <001> is 
the dominant grain growth direction in these alloys, Fig.5.1. Also the columnar grains were 
slightly inclined to the building direction in the case of DLF alloy, Figs. 5.2(a) and 5.7(a).
Similar observations were made in the case of the laser fabricated Ni-Cr [187] and Ti-6Al-4V 
alloys [196], and the orientation of the grains was found to be parallel to the direction of heat 
extraction whis was slightly inclined to the build direction, Fig.5.21.
Figure 5.21 Finite element modelling of thermal parameters during laser fabrication of Ti-
6Al-4V alloy [196].
A detailed discussion on the solidification behaviour in the DLF HEAs was presented in section 
4.3.2. The rate of heat extraction from the melt also has a crucial role in determining the final 
microstructure, which is again a function of the thermal parameters, especially the thermal 
conductivity of the alloy system [196]. Thus the difference in microstructural evolution of the 
alloys with different processing routes can be explained in terms of the thermal conductivity 
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of the alloys in conjunction with the solidification parameters of the processing routes [235].
The high thermal conductivity of the the Al0.3 alloy facilitated the formation of a columnar 
grain structure in both processes, even with the large difference in the solidification parameters 
of the processes. The reduced thermal conductivity of the Al0.6 alloy may explain the 
differences in its solidification behaviour between the AM and DLF methods. The coarse 
dendritic structure of the Al0.6 alloy during AM was due to the low thermal conductivity of the 
alloy and low solidification parameters of the process, whereas rapid solidification conditions 
during DLF induced a fine plate shaped microstructure. The DLF-Al0.85 alloy had a columnar 
grain structure along the direction of deposition and there was a transition in grain structure 
from columnar to equi-axed in the AM samples due to the reduced solidification rates of the 
process.
 
Apart from the grain structure, some differences in the microstructure of the laser fabricated 
and AM samples were observed. The chemical composition determined by glow discharge 
optical emission spectroscopy was in agreement with the stoichiometry of the alloys under both 
processing routes, indicating no macro-segregation. But a homogenous chemical composition 
was observed in laser fabricated samples with one melting cycle, whereas homogenous 
microstructure was achieved in AM after five remelting cycles.  
For the case of chemical micro-segregation, measured by SEM-EDS, there were also 
differences between the two processing methods. In the case of the DLF Al0.3 alloy, a small 
number of grain boundary precipitates was observed. However, these phases were not 
identified in the XRD pattern because the volume fraction of these phases were too small to be 
detected. However, these phases were not observed in the AM Al0.3 alloy, probably because of 
the lower cooling rate associated with AM which allows sufficient time to homogenise the 
structure. 
The Al0.6 alloy had different micro-segregation, with a different level of phase distributions in 
the DLF and AM samples. The DLF Al0.6 alloy samples had a Widmanstätten structure, with a 
plate shaped FCC phase and spinodaly decomposed BCC phase in the inter-plate regions. 
However, the AM samples had a coarse dendritic structure, with a FCC phase in the dendritic 
region and spinodaly decomposed BCC phase in the inter-dendritic regions. The reason for this 
Page | 179
 
markedly different microstructure is the difference in the cooling rates associated with the 
fabrication processes, combined with the inferior thermal conductivity of the alloy (as 
discussed in section 4.3.2 of the previous chapter).
The Al0.6 (Figs. 5.4(e-f)) and Al0.85 (Figs. 5.7(e-f)) alloys both showed coarser second phase 
precipitates after DLF compared to AM, Fig.5.6. This difference in size between the processing 
methods is possibly due to an annealing effect caused by the heat input of successive layer 
deposition in DLF [235]. Reports of ordered L12 phase in the FCC matrix of as-cast Al0.3 alloy 
have been given in the literature [10], but no such observations were made in the present work. 
Thus there was observed a solid solution formation in the FCC alloys of the AlxCoCrFeNi alloy
up to sub-micron scale, and significant phase separation in the BCC alloys. 
 
 
5.5.5. Effect of processing route on the mechanical properties
In the case of AM and DLF Al0.3 alloy, the grain size, composition and texture are quite similar 
for the two different processing methods and this resulted in similar mechanical behaviour. The 
chemistry and morphology of the disordered BCC particles in the Al0.85 alloy were similar for 
both processing routes, although the particles were larger for the case of the DLF samples. The 
Al0.85 alloy also exhibited similar characteristics with slightly higher strength in the DLF 
samples compared to those AM and this may be due to the residual thermal stresses associated 
with the additive manufacturing technique [203].
The microstructure of the Al0.6 alloy was quite different for the two processing methods. This 
is likely to be the reason that there is significant difference in the mechanical behaviour of this 
alloy processed by the two different methods. The DLF alloy showed a significantly lower 
ductility and higher strength than the dendritically structured arc melted sample, probably 
because of its Widmanstätten microstructure. The very large strain hardening for the DLF Al0.6
alloy could originate from the fine regular plate structure that easily stores dislocations and the 
alternating soft FCC phases and hard BCC phases. When dislocations pass through soft FCC 
phases, these hard B2 phases could pin the movement of dislocations and result in the 
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significant work hardening. It was observed in the literature that the yield strength of 
constituent phases and their distribution in the matrix phase of elastoplastic materials had a 
significant influence on the interaction of dislocations with the multi-phase matrix during the 
application of shear loading [258]. The AM Al0.6 alloy had a coarse dendritic structure, with 
the FCC phase in the dendritic region and the BCC phase in the inter-dendritic region (Figs.
5.4 and 5.5(b)). Even though both samples exhibited similar yield strength, the lower ultimate 
strength of the AM sample might be attributed to the coarse dendritic structure, where the soft 
dendritic FCC phase undergo large plastic deformation, without causing significant pinning of 
the dislocation motion.
5.6. Conclusions
The microstructure and the mechanical properties of the DLF samples were compared to 
samples of the same composition fabricated using AM (5 re-melts). The microstructure and 
compressive properties of three AlxCoCrFeNi alloys were compared: Al0.3 alloy with a FCC 
structure, Al0.6 alloy with a two phase FCC+BCC structure and Al0.85 alloy with a BCC 
structure. The results can be summarized as follows: 
¾ The Al0.3 FCC alloy was found to have similar microstructures and textures for the two 
different processing methods tested. They both showed a columnar grain structure with
a strong <001> fibre texture along the direction of solidification. 
¾ The dual phase Al0.6 alloy showed a dendritic structure after arc melting, but a 
Widmanstätten structure after DLF. The difference in microstructure was attributed to 
the more rapid solidification conditions during DLF compared to AM and the lower 
thermal conductivity of the alloy compared to the single phase alloys in the system.
¾ The Al0.85 BCC alloy produced by DLF had a columnar grain structure, whereas in the 
AM sample, there was a transition in the grain structure from columnar to equi-axed.
The columnar grains in both cases showed a strong <001> fibre texture along the
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direction of solidification. The difference in the microstructure was attributed to the 
difference in the solidification conditions associated with the processing routes.
¾ Coarsening of B2 precipitates in DLF dual phase Al0.6 and BCC- Al0.85 alloys compared 
to AM has been observed, and is probably due to an annealing effect caused by the heat 
input of successive layer deposition in DLF.
¾ The mechanical properties of the Al0.3 and Al0.85 alloy samples produced by laser 
fabrication were very similar to those produced by AM, owing to similar 
microstructural characteristics for the two processing methods.
¾ The DLF Al0.6 alloy exhibited higher compressive strength than the AM Al0.6 alloy, due 
to the process induced Widmanstätten structure after DLF with rapid solidification 
conditions compared to the dendritic structure in AM.
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 Chapter 6
The effect of hot isostatic pressing on the 
microstructure and mechanical properties of DLF 
AlxCoCrFeNi HEAs
 
 
Hot isostatic pressing (HIP) is an elevated temperature densification process employed in 
powder processing operations, where the component is subjected to isostatic pressure at 
elevated temperature [217]. This process is commonly used to heal defects such as cavities, 
voids and porosity [221]. HIP is the most important post processing heat treatment employed 
for complex components of superalloys and Ti-alloys by additive manufacturing, as the process 
induces homogenised microstructure with improved mechanical properties, without distorting 
the initial shape of the component. 
Even though there are several articles in the literature that reports laser-employed additive 
manufacturing techniques for the fabrication of HEAs [179, 180, 182, 190], at present there are 
no published reports of HIP of laser fabricated HEAs. Since it was found in Chapter 4 that the 
present samples contained a small amount of pores, HIP was chosen as a secondary processing 
technique to determine if these pores could be reduced in size and volume fraction. Hot isostatic 
pressing may also promote chemical homogenisation of the DLF components, similar to a 
solution treatment, which in turn could improve the mechanical properties. High entropy alloys 
are found to exhibit sluggish diffusion of component atoms in the matrix [34, 35] with very 
low diffusion coefficients for the constituent elements [9, 54]. Thus the response of high 
entropy alloys to the HIP process is unclear. This chapter aims to answer the research question: 
“What are the effects of hot isostatic processing on the microstructure and mechanical
properties of DLF AlxCoCrFeNi HEAs?”
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6.1. Al0.3 alloy
 
6.1.1.Microstructure and chemical composition
 
The bulk chemical composition of the DLF and DLF/HIP Al0.3 alloys determined by glow 
discharge optical emission spectroscopy at numerous sections along the deposition direction of 
the alloy samples are shown in Table 6.1. Both the DLF and DLF/HIP Al0.3 alloys are very 
similar in composition, indicating that the HIP process has not altered the bulk chemical 
homogeneity of the DLF Al0.3 alloy. Also the DLF and DLF/HIP samples had similar XRD 
profiles showing a single phase FCC structure and showed (200) diffraction peaks, Fig.6.1.
This indicates that no substantial phase changes have occurred in the DLF Al0.3 alloy as a result 
of the thermal excursion of 1100 ஈC for 2h during HIP. 
Table 6.1 Chemical composition of DLF and DLF/HIP-ed Al0.3 alloy determined by GDOES.
 
Al0.3 alloy
Atomic % (+ 0.5)
Co Cr Fe Ni Al
DLF
DLF/HIP
23.3
23.4
22.8
23.1
23.2
23.6
22.1
22.7
7.1
7.2
 
 
The EDS map of DLF/HIP Al0.3 alloy, Fig. 6.2(a), showed a uniform distribution of constituent 
elements in the FCC matrix, without any significant chemical segregation. The DLF Al0.3 alloy 
also showed homogeneous distribution of component elements in the FCC matrix (Fig. 4.6(a)), 
but it had fine precipitates along the grain boundaries (see Fig. 4.7). As discussed in Chapter 
4, these precipitates were of low volume fraction in the as-deposited alloy and a very detailed 
assessment of the grain boundaries after HIP did not reveal these precipitates in the HIPed 
alloy. It is apparent that the HIP process has resulted in the dissolution of the Al rich (Fig. 
4.7(a)) and Al-Ni rich (Fig. 4.7(b)) precipitates and local chemical homogenisation. The EBSD 
analysis of the alloy showed a strong orientation of the columnar grains of the DLF/HIP Al0.3
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alloy in <001> direction (Fig. 6.2(b)) similar to the DLF and AM Al0.3 alloy (Fig. 5.12). Also, 
a few grains in the DLF/HIP Al0.3 alloy found to deviate from <001> orientation (grain with 
green colour in the EBSD-IPF map, Figs. 6.2(b-c)), which was not observed in the DLF Al0.3
alloy.
Figure 6.1 XRD profile of DLF and DLF/HIP-ed Al0.3 alloy.
(a) EDS map
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Figure 6.2 (a) EDS map, (b) EBSD-IPF map and (c) inverse pole figure of DLF/HIP-ed Al0.3
alloy longitudinal to the direction of deposition.
Both the DLF and DLF/HIP Al0.3 alloy samples had a large columnar grain structure, with an 
DYHUDJHZLGWKRIȝPDQGDQDYHUDJHOHQJWKRIȝPDORQJWKHGLUHFWLRQRIGHSRVLWLRQ
Fig.6.3. Across the cross-section of the deposited columns, the DLF/HIP alloy showed an equi-
axed structure wiWKDQDYHUDJHVL]HRIȝP (Fig. 6.4), similar to the DLF alloy. However,
the high temperature (1100 ஈC for 2h) of the HIP did not change the size and the morphology 
of the DLF Al0.3 alloy and subtle differences between the as-deposited and HIP Al0.3 alloy is 
seen on the micron scale. The measured porosity from the SEM micrographs of different Al0.3
alloy specimens with the aid of ImageJ software after employing an automated thresholding 
procedure for the image analysis, and is shown in Fig. 6.5. The DLF samples in the as-deposited 
condition had a density of 99.3% (a porosity level a0.7%). After postprocessing by HIP, the 
porosity level was reduced to a0.5%. From the size distribution of the pores in DLF and 
DLF/HIP conditions, even though Al0.3 alloy showed large number of fine pores along and 
across the direction of deposition, there was a significant reduction in the number of pores with 
DODUJHGLDPHWHUJUHDWHUWKDQȝPLQWKH'/)+,3DOOR\7KHDQDO\VLVRISRURVLW\LQWKH$O0.6
and Al0.85 HEAs were difficult due to the presence of multiple phases with different 
orientational contrasts.
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Figure 6.3 Comparison of the microstructures of DLF ((a), (c) and (e)) and DLF/HIP ((b), (d) 
and (f)) Al0.3 alloy normal to the direction of solidification (longitudinal axis of deposited 
column) at various magnifications and the microstructure of DLF and DLF/HIP alloys at the 
same magnification is compared in each row.
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Figure 6.4 Comparison of the microstructures of DLF ((a), (c) and (e)) and DLF/HIP ((b), (d) 
and (f)) Al0.3 alloy normal to the cross-section of the deposited columns at various 
magnifications and the microstructure of DLF and DLF/HIP alloys at the same magnification 
is compared in each row.
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(a) DLF                                                        (b) DLF/HIP
Figure 6.5 Size distribution of porosity in Al0.3 alloy samples in (a) DLF and (b) DLF/HIP 
conditions.
 
 
 
6.1.2.Mechanical behaviour
 
 
The macrostructure of the deformed FCC-Al0.3 alloy specimens after compression and tensile 
testing are shown in Fig. 6.6. The DLF/HIP Al0.3 alloy after compressive deformation at a true 
strain of 1.0 showed low degree of barrelling (Fig. 6.6(a)) indicating low friction between the 
platen and sample and uniform deformation, similar to the DLF Al0.3 alloy after a compressive 
true strain of 1.0 (Fig. 4.11(a)). The tensile specimen of the DLF/HIP Al0.3 alloy showed 
increased elongation compared to the as-deposited alloy (Fig. 4.11(b)) and failed by the 
necking of the specimen (Fig. 6.6(b)). In contrast, the DLF Al0.3 alloy failed by fracture 
longitudinal to the tensile loading direction and was found to be associated with the columnar 
grain boundaries of the alloy (Fig. 4.11(c)).
 
The flow curves of the DLF Al0.3 alloy and the DLF/HIP Al0.3 alloys are shown in Fig. 6.7. 
Compared to the DLF Al0.3 alloy with a (tensile and compressive) yield strength of 194 MPa, 
DLF/HIP Al0.3 alloy samples showed slightly lower yield strength of 180 MPa under tensile 
and compressive loading. The DLF/HIP alloy exhibited excellent strain hardening behaviour 
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and did not fail even after a true strain of 1.0 under compressive loading, the point at which 
test was stopped, Fig. 6.7. The compressive strength of the DLF/HIP Al0.3 alloy was 1050 MPa 
at a true strain of 1.0, whereas the DLF alloy showed a higher compressive strength of 1400 
MPa at a true strain of 1.0. However, the DLF/HIP alloy sample showed superior work 
hardening behaviour under tensile loading, compared to the as-deposited sample (true strain to 
failure of 0.38 and ultimate tensile strength of 250 MPa, Fig. 4.12) and failed at a true strain of 
0.60 and exhibited an ultimate tensile strength of 700 MPa, Fig. 6.6(b). Additionally, the 
DLF/HIP alloy exhibited a smooth tensile flow curve (Fig. 6.7) compared to a serrated tensile 
flow curve in the case of DLF alloy (Fig. 4.12).
Figure 6.6 Macrostructure of DLF/HIP-ed Al0.3 alloy under (a) compressive and (b) tensile 
loading with arrows indicating the direction of loading.
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Figure 6.7 True stress-strain curve of DLF/HIP-ed Al0.3 alloy under compressive and tensile 
loading.
The microstructure of the DLF Al0.3 alloy sample after HIP showed evidence of mechanical 
twinning, Fig.6.8, which is similar to that observed in the as-deposited condition. The EBSD 
map of the DLF/HIP Al0.3 alloy compressed to a true strain of 0.5 (corresponding true stress of 
600 MPa) showed a twin volume fraction of 7%, Fig. 6.8(b). In contrast, the as-deposited DLF 
Al0.3 alloy showed a similar volume fraction of twins at a true strain of 0.35 (Fig. 4.13(b)), but 
exhibited a higher corresponding true stress of 620 MPa due to the high work hardening 
behaviour of the DLF Al0.3 alloy compared to DLF/HIP Al0.3 alloy. The volume fraction of 
twins in the compression deformed DLF/HIP Al0.3 alloy to a true strain of 1.0 showed a twin 
volume fraction of 26% (Fig. 6.8(c)), compared to a volume fraction of 37% in as-deposited 
condition (Fig. 4.13(e)).
The ultimate tensile strength of the DLF Al0.3 alloy alloy was 250 MPa with a true strain to 
failure of 0.38, and no evidence of twinning was observed (Fig. 4.13(f)). But HIP effectively 
dissolved all the grain boundary precipitates, and the tensile specimen of the HIP-ed alloy 
exhibited better mechanical behaviour with cup and cone type tensile fracture behaviour, Fig. 
6.8(a). The DLF/HIP Al0.3 alloy sample had an ultimate tensile strength of 700 MPa with a true 
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strain to failure of 0.6, and the volume fraction of twins was found to be 8%, Fig. 6.9(b). The 
twins in the tensile sample of the DLF/HIP Al0.3 alloy was found to concentrate in a small 
region close to the tensile farcture as shown in Fig. 6.9(a). The EBSD analysis identified the 
mechanical twins in the compressive and tensile samples of DLF/HIP Al0.3 alloy to be Ȉtwins, 
similar to the compression deformed DLF Al0.3 alloy and has a characteristic rotation of (60 +
5)ஈ about the <111> direction. 
(a) SEM micrograph of compression deformed DLF/HIP-ed Al0.3 alloy
(b) EBSD map at a true strain of 0.5                (c) EBSD map at a true strain of 1.0
Figure 6.8 (a) SEM micrograph of compression deformed DLF/HIP-ed Al0.3 alloy to a true 
strain of 1.0, and the EBSD map (grey scale band contrast, boundaries within 5 degrees of the 
twin orientation have been highlighted in yellow) of the compression deformed DLF/HIP-ed 
Al0.3 alloy to a true strain of (b) 0.5 and (c) 1.0.
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Figure 6.9 (a) SEM image of HIP-ed Al0.3 alloy after a tensile true strain of 0.62 and (b) the
EBSD map (grey scale band contrast) of the area I (rectangle in (a)), and boundaries within 5 
degrees of the twin orientation have been highlighted in yellow.
 
6.2. Al0.6 Alloy
 
6.2.1.Microstructure and chemical composition
 
The bulk chemical composition of the DLF and DLF/HIP Al0.6 alloys determined by glow 
discharge optical emission spectroscopy at numerous sections along the deposition direction of 
the alloy samples is given in Table 6.2. There was no significant difference in the chemical 
composition of the DLF and DLF/HIP samples. The XRD spectra of both DLF and DLF/HIP
Al0.6 alloy samples showed the presence of a two phase (FCC+BCC) structure, Fig.6.10. As 
discussed in previous chapters (Fig. 4.6(b)), the DLF Al0.6 alloy showed the presence of three 
phases: FCC phase enriched in Fe, Co and Cr (volume fraction of 63%), B2 phase enriched in 
Ni and Al (volume fraction of 30%) and a disordered BCC phase enriched in Fe and Cr (volume 
fraction of 7%). However the HIP processing induced a dendritic structure with FCC phase in 
the primary dendritic regions and B2 phase in the interdendritic regions. Fine B2 particles 
(mostly plate shaped) were also randomly distributed in the dendritic FCC phase. EDS mapping 
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revealed the matrix (FCC) phase of the alloy to be enriched in Fe, Co and Cr, whereas the BCC 
phase was enriched in Ni and Al, Fig. 6.11(a). The EBSD analysis of the DLF/HIP alloy 
showed a random texture for the grains (Fig. 6.11(b)) similar to the DLF alloy (Fig. 4.4(b)).
The DLF/HIP alloy showed no evidence of disordered BCC phase and hence the thermal 
excursion of 1100 ஈC for 2h during HIP might resulted in the dissolution of the disordered BCC 
phase enriched in Fe and Cr.
Table 6.2 Chemical composition of DLF and DLF/HIP-ed Al0.6 alloy by GDOES. 
Al0.6 alloy
Atomic % (+ 0.5)
Co Cr Fe Ni Al
DLF
DLF/HIP
21.4
21.7
20.9
21.1
22.8
21.9
21.6
21.8
13.3
13.5
Figure 6.10 XRD profile of DLF and DLF/HIP-ed Al0.6CoCrFeNi alloy.
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(a) EDS map
 
(b) EBSD-IPF map
Figure 6.11 (a) EDS map and (b) EBSD-IPF map of DLF/HIP-ed Al0.6 alloy longitudinal to 
the direction of deposition.
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In the as-deposited condition, Al0.6 alloy showed an equiaxed grain structure with an average 
size of 250 ȝm tannsverse and longitudinal to the direction of deposition. A Widmanstätten
plate structure of the FCC phase with an average width of 10 microns was formed inside each 
grain of the DLF Al0.6 alloy with B2 phase or spinodaly decomposed BCC phase in the inter-
plate regions. However, the application of high temperature and pressure during HIP induced
an entirely different microstructure in the DLF Al0.6 alloy, compared to the as-deposited 
condition longitudinal (Fig. 6.12) and transverse (Fig. 6.13) to the direction of deposition. The 
HIP processing resulted in the coarsening of the plate shaped FCC in the as-deposited condition 
to a dendritic structure (average width of 40 ȝm and an average length of 150 ȝm) and coarse 
inter-dendritic segregation of B2 phase along the solidification direction. The dendritic FCC 
matrix had a random distribution of finer plate shaped B2 precipitates. In cross-section (normal 
to solidification direction), the B2 particles in the FCC matrix had three different morphologies: 
elongated precipitates along the grain boundaries, fine plates inside the grains and coarse 
randomly located particles, Fig. 6.13. Also the elongated discontinuous precipitates showed a 
hexagonal cellular morphology. The volume fraction of the FCC and B2 phases in the DLF/HIP 
Al0.6 alloy were calculated from the SEM micrographs with the aid of ImageJ software and 
were found to be 67% and 33% respectively. The volume fraction of the FCC phase in the DLF 
(63%) and DLF/HIP (67%) Al0.6 alloys were similar with different grain morphologies.
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Figure 6.12 Comparison of the microstructures of DLF ((a), (c) and (e)) and DLF/HIP ((b), 
(d) and (f)) Al0.6 alloy normal to the direction of solidification (along the longitudinal axis of 
deposited column) at various magnifications and the microstructure of DLF and DLF/HIP
alloys at the same magnification is compared in each row.
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Figure 6.13 Comparison of the microstructures of DLF ((a), (c) and (e)) and DLF/HIP ((b), 
(d) and (f)) Al0.6 alloy normal to the cross-section of the samples at various magnifications
and the microstructure of DLF and DLF/HIP alloys at the same magnification is compared in 
each row.
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6.2.2.Mechanical behaviour
 
The macrostructure of the deformed DLF/HIP Al0.6 alloy specimens after compressive and 
tensile testing are shown in Fig. 6.14. The DLF/HIP alloy exhibited a uniform deformation to 
a compressive true strain of 0.74 with low degree of barrelling (Fig. 6.14(a)) evidencing low 
friction between the platen and sample. The as-deposited Al0.6 alloy also exhibited similar 
deformation behaviour under compressive loading, but failed at a true strain of 0.48 (Fig. 
4.15(b)). The tensile and the compressive flow curves of the DLF and DLF/HIP alloys are 
shown in Fig. 6.15. HIP improved the compressive properties of the DLF Al0.6 alloy, with
similar yield strength (400 MPa) and work hardening behaviour as that of the as-deposited
sample, but a superior true strain to fracture of 0.74 compared to 0.48 in the case of DLF alloy.
The tensile specimen of the DLF/HIP alloy exhibited premature failure at a true strain of 0.10 
with the fracture surface normal to the direction of tensile loading Fig. 6.14(b), compared to 
the DLF alloy which showed a true strain to failure of 0.27 in tension with the fracture surface 
inclined 45ஈ to the tensile loading direction (Fig. 4.15(a)). The tensile yield strength of the DLF 
and DLF/HIP alloy was 400 MPa, similar to the compressive yield strength. The ultimate 
tensile strength of the DLF/HIP alloy was 950 MPa compared to a tensile strength of 920 MPa
for the DLF alloy. The alloy after HIP showed a smooth flow curve under tensile loading, 
compared to serrated flow curve in as cast condition (Fig. 4.16). Thus by comparing the tensile 
and compressive flow curves of the DLF (Fig. 4.16) and DLF/HIP (Fig. 6.15) Al0.6 alloy, HIP 
preserves the yield strength of the alloy (400 MPa), but significantly influenced the ultimate 
strength, work hardening behaviour and plasticity. 
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Figure 6.14 Macrostructure of HIP-ed Al0.6 fractured (a) compression specimen and (b) 
tensile specimen.
 
Figure 6.15 True stress-strain curve of DLF/HIP-ed Al0.6 alloy under compressive and tensile 
loading.
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 The FCC phase of the Al0.6 alloy showed mechanical twinning after compression at a true strain 
of 0.74, Fig. 6.16(a) and the fine plates of hard B2 phase showed slip activity, Fig. 6.16(b). The 
EBSD map of the DLF/HIP Al0.6 alloy (Fig. 6.16(c)) showed the twins in the FCC phase of the 
compression deformed alloy (true VWUDLQRIVDPSOHDVWKHFRPPRQO\REVHUYHGȈWZLQV
which has a characteristic rotation of 60+5ஈ about the <111> direction. This was similar to the
DLF Al0.6 alloy (Fig. 4.19(c)), but the DLF/HIP Al0.6 alloy showed higher density of twins in 
the FCC phase due to the extended ductiliy to a true strain of 0.74, compared to a true strain of 
0.48 in the as-deposited condition. The fracture surface of the HIP-ed Al0.6 alloy after tensile
failure is given in Fig. 6.17. Fig. 6.17(b) showed cleavage fracture in the B2 phase and dimple
fracture in the FCC phase of the DLF/HIP Al0.6 alloy. Since FCC is the softer phase in the
alloy, initial plastic deformation is assumed to originate in the FCC phase and once plastic 
deformation occurs, the FCC phase work hardens and its flow strength can reach the yield 
strength of the B2 phase, at which point plastic deformation occurs in both phases. The B2 
alloys usually exhibit limited ductility under tensile loading and the reduced ductility (true 
strain to failure ~0.1) of the alloy after HIP might be attributed to the early rupture of the coarse 
B2 phase in the interdendritic region, compared to the plate shaped B2 phase in the 
Widmanstätten grain structure of the as-deposited Al0.6 alloy (true strain to failure 0.27).  
 
 
(a) SEM image of mechanical twinning in the FCC phase of Al0.6 alloy
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 (b)TEM image of dislocation activities in the B2 phase of Al0.6 alloy
(c) EBSD map of Al0.6 alloy
Figure 6.16 Dislocation activities in the (a) FCC phase, (b) B2 phase and (c) EBSD map (grey 
scale band contrast, boundaries within 5 degrees of the twin orientation have been highlighted 
in yellow) of compression deformed DLF/HIP-Al0.6 alloy to a true strain of 0.75.
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Figure 6.17 Microstructure of the fractured surface of HIP-ed Al0.6 alloy in tensile loading.
6.3. Al0.85 Alloy
6.3.1.Microstructure and chemical composition
 
The bulk chemical composition of the DLF and DLF/HIP alloys determined by glow discharge 
optical emission spectroscopy at numerous sections along the deposition direction of the alloy 
samples remained similar, and are shown in Table 6.3. The XRD spectra of Al0.85 alloy after 
HIP showed the presence of peaks other than the BCC peaks that were observed in the as-
deposited condition, Fig.6.187KHVHSHDNVFRUUHVSRQGWRWKHıSKDVHThe ı phase is commonly 
observed in stainless steels, and has a body-centered tetragonal structure (space 
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group: P42/mnm) with lattice constants of a =b= 8.799 Å and c = 4.558 Å [92]. Another 
significant difference in the XRD spectra of the DLF and DLF/HIP alloys was the difference 
in the intensity of the (200) diffraction peak. The DLF alloy showed a strong (200) diffraction 
peak, where as the intensity of this peak was low in the DLF/HIP alloy.   
Table 6.3 Chemical composition of DLF and DLF/HIP-ed Al0.85 alloy by GDOES.
Al0.85 alloy
Atomic % (+ 0.5)
Co Cr Fe Ni Al
DLF
DLF/HIP
20.2
19.7
20.7
21.1
21.1
21.6
19.8
19.3
18.3
18.4
 
 
Figure 6.18 XRD profile of DLF and DLF/HIP-ed Al0.85 alloy.
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 The second phase particles that were observed in the DLF sample were also observed after HIP 
processing, but in the latter case the phase was significantly coarsened, Figs. 6.19(a), 6.20 and 
6.21. The coarsened particles were distributed close to the grain boundaries and the finer 
particles towards the interior of the grains. In both the as-deposited and HIP conditions the 
precipitates were enriched in Cr and Fe in a B2 matrix enriched in Ni and Al, Fig. 6.19(a). The 
equi-axed grains of the alloy had random orientations as confirmed by EBSD analysis, Fig. 
6.19(b) whereas the columnar grains of DLF alloy had a strong <001> texture (Fig. 5.14(a)). It 
was also evident from the EBSD map that the DLF/HIP alloy had coarse equi-axed grains with 
an average size of 16ȝPVLPLODUWRWKH'/)DOOR\DQGILQHequi-axed grains with an average 
VL]H RI  ȝP The DLF/HIP Al0.85 alloy sample showed an equi-axed grain structure
ORQJLWXGLQDOWRWKHGLUHFWLRQRIGHSRVLWLRQZLWKDQDYHUDJHJUDLQVL]HRIȝP compared to a 
columnar grain structure in DLF alloy with an averagHOHQJWKRIȝPDQGDQDYHUDJHZLGWK
RIȝP)LJ. 6.20. %RWKWKH'/)DYHUDJHVL]HRIȝPDQG'/)+,3DYHUDJHVL]HRI
ȝP$O0.85 alloy samples had equi-axed structure across the direction of deposition, Fig. 
6.21.
 
 
 
(a) EDS map
Page | 205
 
 (b) EBSD map
Figure 6.19 (a) EDS map and (b) EBSD-IPF map of DLF/HIP-ed Al0.85 alloy longitudinal to 
the direction of deposition.
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Figure 6.20 Comparison of the microstructures of DLF ((a), (c) and (e)) and DLF/HIP ((b), 
(d) and (f)) Al0.85 alloy normal to the direction of solidification (longitudinal axis of deposited 
column) and the microstructure of DLF and DLF/HIP alloys at the same magnification is 
compared in each row. 
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Figure 6.21 Comparison of the microstructures of DLF DLF ((a), (c) and (e)) and DLF/HIP 
((b), (d) and (f)) Al0.85 alloy normal to the cross-section of the samples at various 
magnifications and the microstructure of DLF and DLF/HIP alloys at the same magnification 
is compared in each row.
The particle size distribution of the Al0.85 alloy was estimated from the SEM micrographs with 
the aid of ImageJ software (as explained in section 4.1.3, Fig. 4.9) and is shown in Fig. 6.22.
The DLF Al0.85 alloy had a random distribution of cuboidal BCC particles with an average area 
of 0.15 ȝP2 (average diameter of 400 nm), Fig. 6.22(a). The particle size distribution of the 
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DLF/HIP Al0.85 alloy is given in Fig. 6.22(b). The HIP-processing of the alloy resulted in the 
coarsening of the cuboidal second phase particles along with WKHIRUPDWLRQRIı-phase. The 
HIP-ed alloy had a random distribution of disordered BCC particles with different size and
morphologies with finer cuboidal BCC particles at the centre of the grain (average diameter of 
250 nm) and large number of coarse BCC particles with oblique shape towards the grain 
boundaries (Fig. 6.21).  
Figure 6.22 Particle size distribution in (a) DLF and (b) DLF/HIP Al0.85 alloy.
6.3.2.Effect of cooling rate on phase development in Al0.85 alloy
It was observed in the literature that tKHı-phase was formed  in the AM Al0.9CoCrFeNi HEA 
in a temperature range of 873 K to 1235 K [90] as evident from the DSC heating curve in Fig. 
2.7. The sigma phase formation in the HIP-ed Al0.85 alloy was considered to be the result of 
very slow cooling (5 ஈC/min) of the alloy after the isothermal hold at 1100 ஈC for two hours. In 
the cooling cycle of the HIP process in this work (Fig. 3.4), the Al0.85 alloy is in this temperature 
range (873 K to 1235 K) for more than an hour. Consequently, an additional set of experiments 
were carried out on this alloy to further examine the sigma phase formation. Three DLF/HIP
Al0.85 alloy specimens were solutionised at 1200 ஈC for three hours, and then subjected to three 
different cooling rates: furnace cooling (annealing, at a rate of ~10 ஈC/min), air cooling
(homogenising, at a rate of ~50-100 ஈC/min) and water cooling (quenching, at a rate of ~102-
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103 ஈC/min). The XRD spectra for these three specimens are shown in Fig. 6.21. The 
solutionising has dissolved WKHı-phase in the HIP-ed Al0.85 alloy and the cooling rate was 
sufficient in all cases to avoid the precipitation of the ı-phase. It was observed in the literature 
that the heat treatment or any high temperature processing induced FCC phase in the 
microstructure of vacuum arc-melted Al0.9CoCrFeNi [90] and AlCoCrFeNi [117]. In order to 
validate this observation, AM Al0.85 alloy samples were heat treated at the same conditions as 
that of the DLF samples (solutionising at 1200 ஈC for 3 hours followed by furnace cooling, air 
cooling and water quenching). As evidenced from the XRD spectra in Fig. 6.23, all the arc-
melted samples showed the presence of FCC phase, consistent with the literature. However the 
evolution of FCC phase was absent in the DLF Al0.85 alloy under all heat treatment conditions, 
Fig. 6.22.
Figure 6.23 XRD pattern of DLF/HIP Al0.85 alloy after solutionising at 1200 ஈC for 3 hours 
followed by furnace cooling (annealing), air cooling (homogenising), water cooling 
(quenching) and hot isostatic pressing.
Page | 210
Figure 6.24 XRD spectra of AM Al0.85 alloy after solutionising at 1200 ஈC for 3 hours 
followed by furnace cooling (annealing), air cooling (homogenising) and water cooling 
(quenching).
The various cooling rates produced similar microstructures in the DLF/HIP-ed Al0.85 alloy, Fig. 
6.25. The dominant phase, the disordered BCC phase, develops into a matrix which surrounds 
cuboidal-shaped precipitates of the ordered B2 phase. The XRD spectra of all the DLF/HIP-ed
Al0.85 alloy subjected to heat treatments at various cooling rates showed the diffraction peaks 
corresponding to BCC phase with an additional (100) peak (Fig. 6.23) and was similar to the 
DLF Al0.85 alloy. The elemental distribution in the disordered BCC and B2 phases of the DLF 
and DLF/HIP/heat treated Al0.85 alloy was similar with the disordered BCC phase was enriched 
in Fe and Cr, and the B2 phase enriched in Ni and Al (Fig. 6.27(a)). The heat treatments at 
various cooling rates transformed the equi-axed grain morphology of the DLF/HIP-ed Al0.85
alloy to a cROXPQDUJUDLQHGPRUSKRORJ\ZLWKDQDYHUDJH OHQJWKRIȝPDQGDQDYHUDJH
WKLFNQHVVRIȝP)LJ5). The grain morphology of the heat treated alloys in Fig. 6.25
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was similar to the grain morphology of DLF Al0.85 alloy as described in chapters 4 and 5 (Figs. 
4.2(e) and 5.7). But the distribution of the constituent phases was different for the DLF and 
heat treated DLF/HIP Al0.85 alloy. The DLF alloy had B2 phase as the matrix phase with a
dispersion of disordered BCC particles (Figs. 4.5(e) and 4.6(c)). The DLF/HIP Al0.85 alloy also 
exhibited B2 matrix with the dispersion of random sized disordered BCC particles (Fig. 6.20).
However the DLF Al0.85 alloy after HIP and heat treatment at various cooling rates had 
disordered BCC phase as matrix with the random dispersion of the cuboidal particles (Figs. 
6.25 and 6.27(a)). 
In the case of the AM Al0.85 alloy, all the heat treatment processes induced similar 
microstructures ZLWKDPL[WXUHRIHORQJDWHGDYHUDJHOHQJWKRIȝPDQGDYHUDJHZLGWKRI
ȝPDQG equi-D[HGJUDLQVDYHUDJHVL]HRIȝP, Fig. 6.26. The XRD spectra showed 
the presence of diffraction peaks corresponding to the FCC phase in the AM Al0.85 alloy after 
heat treatment at various cooling rates, which was absent in the as deposited alloy (Fig. 6.24). 
These FCC plates were also absent in the case of DLF/HIP Al0.85 alloy after heat treatment.
The AM Al0.85 alloy had B2 phase enriched in Ni and Al as the matrix with fine cuboidal 
particles of disordered BCC phase enriched in Fe and Cr (Figs. 5.7 and 5.8(b)). Combining the 
results from the XRD spectra (Fig. 6.24) and the EDS map (Fig. 6.27(b)) of AM Al0.85 alloy
after heat treatment at various cooling rates, the alloy consisted of three phases: a matrix phase 
with B2 structure enriched in Ni and Al, a disordered BCC phase enriched in Fe and Cr and a 
plate shaped phase enriched in Fe and Co. The plate shaped phase enriched in Fe and Co, and 
depleted in Cr evolved in the heat treatment processes at various cooling rates was identified 
to be the FCC phase, and similar FCC phase was identified in the microstructure of vacuum 
arc melted Al0.9CoCrFeNi [90] and AlCoCrFeNi [117] HEAs in the literature.
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Figure 6.25 Microstructure of HIP-ed Al0.85 alloy after solutionising at 1200 ஈC for 3 hours 
followed by furnace cooling (annealing- (a), (d) and (g)), air cooling (homogenising- (b), (e) 
and (h)) and water cooling (quenching- (c), (f) and (i)), and the microstructure at the same 
magnification is compared in each row.
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 Figure 6.26 Microstructure of AM Al0.85 alloy after solutionising at 1200 ஈC for 3 hours 
followed by furnace cooling (annealing- (a), (d) and (g)), air cooling (homogenising- (b), (e) 
and (h)) and water cooling (quenching- (c), (f) and (i)), and the microstructure at the same 
magnification is compared in each row.
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 (a) DLF/HIP-ed alloy 
 
(b) Arc-melted alloy
  
Figure 6.27 EDS map of (a) DLF/HIP-ed and (b) arc-melted Al0.85 alloy after solutionising at 
1200 ஈC for 3 hours followed by air cooling (homogenised).
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6.3.3.Mechanical behaviour
The compressive flow curves of the DLF Al0.85 alloy in as-deposited and post processed 
conditions are given in Fig.6.28. The DLF Al0.85 alloy in as-deposited condition showed a very 
high yield strength of 1400 MPa, with excellent work hardening behaviour and an elongation 
to failure of 0.245 (Fig. 4.21). However, HIP resulted in the deterioration of the mechanical 
properties of the DLF Al0.85 alloy. The DLF/HIP Al0.85 alloy showed a high yield strength of 
1250 MPa, but suffered catastrophic brittle fracture due to the precipitaWLRQRILQWHUPHWDOOLFı-
phase. The further heat treatment of the DLF/HIP alloy (at a solutionising temperature of 1200
ஈC for three hours followed by air cooling) eliminated the LQWHUPHWDOOLFı-phase precipitation 
and restored the mechanical properties, even though it had a softening effect compared to the 
DLF Al0.85 alloy. The heat treated alloy exhibited a yield strength of 1250 MPa, similar to the 
DLF/HIP Al0.85 alloy. But the heat treatment slightly improved the ductility of the alloy from 
true strain of 0.245 in as-deposited condition to a true strain of 0.27 exhibiting cleavage fracture 
similar to the DLF alloy.
 
Figure 6.28 True compressive stress-strain curve of DLF, DLF/HIP and DLF/HIP/heat treated 
(solutionising temperature of 1200 ஈC for three hours followed by air cooling) Al0.85 high 
entropy alloy.
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6.4. Discussion
Hot isostatic pressing involves heating the sample to a specific temperature, and isothermal 
holding at the specified temperature under a constant pressure. In the case of solid state phase 
transformations under equilibrium conditions, the influence of pressure is generally considered 
to not be significant because these transformations do not involve large volume changes, when 
compared to transformations involving liquid and gaseous phases [259]. However, it is 
anticipated that the pressure will assist in the densification process. In the present case it was 
found that the HIP process eliminated the coarse pores, those greater than 5 microns in 
diameter, but the smaller ones remained, Fig.6.5. This reduction in volume fraction is likely to 
be due to elemination of the larger pores by the combined action of pressure and temperature
in HIP.
6.4.1.Effect of thermal treatment on the microstructural evolution
The DLF Al0.3 alloy retained its columnar grain structure with a strong <001> fibre texture 
after hot isostatic pressing. No significant difference between the microstructures of as-
deposited and HIP-ed samples of Al0.3 was observed, except for the dissolution of the small 
number of grain boundary precipitates observed in the as-deposited condition. Thus the 
isothermal holding at 1100ஈC for 2 hours during HIP resulted in the chemical homogenisation 
of the alloy and the effective dissolution of the grain boundary phases that were evident in the 
as-deposited structure [221, 260, 261].
The DLF Al0.6 alloy after HIP showed a significant coarsening of the FCC phase, and a 
significant redistribution of the BCC phase. The ordered B2 developed into grain boundary 
precipitates, and also formed fine plate shaped precipitates distributed inside the FCC grains, 
Fig. 6.12. The grain boundary precipitation of B2 phase is consistent with most precipitation 
reactions [189] where the first nucleation sites are those high energy sites such as grain 
boundaries, followed by precipitation inside the matrix at lower temperatures as a result of 
heterogeneous nucleation [261]. The size of the plate shaped precipitates in the FCC matrix of 
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Al0.6 alloy was not uniform, Fig. 6.12 & 6.13 and these precipitates do not form a continuous 
layer and remain as isolated particles. A proposed mechanism of the development of the coarse 
grain boundary precipitates in DLF Al0.6 alloy during HIP is shown schematically in Fig. 6.29.
Figure 6.29 Schematic representation of heterogeneous nucleation in Al0.6 alloy during 
isothermal holding at 1100ஈC for the HIP condition (a) grain boundary diffusion and (b) 
precipitates along the grain boundary.
The post-processing behaviour of DLF Al0.85 alloy was quite complex and resulted in the 
coarsening of the second phase particles (BCC phase) along ZLWKWKHIRUPDWLRQRIıSKDVH. The 
SUHFLSLWDWLRQ RI ı SKDVH LV FRPPRQO\ REVHUYHG LQ VWDLQOHVV VWHHOV HVSHFLDOO\ ZKHQ WKH &U
content is above 20 wt.% and the presence of ferrite stabilizers such as Mo or Si rapidly aids 
its formation [92]. In the present work, the DLF Al0.85 alloy had a cudoidal BCC phase rich in 
Fe and Cr, dispersed in the ordered BCC phase rich in Ni and Al. The HIP of the DLF Al0.85
alloy UHVXOWHGLQWKHFRDUVHQLQJRIWKHFXERLGDOSDUWLFOHVDQGWKHIRUPDWLRQRIı-phase. Similar 
results were observed in the BCC alloys of AlxCoCrFeNi system [90] after ageing treatment at 
temperatures similar to the HIP-ing temperature in the present study. The presence of Fe-Cr 
EDVHGıSKDVHIRUPDWLRQwas observed in the DSC heating curve at the temperature range of 
873-1173 K for Al mole fraction of 0.9 < x < 1.2 in the AlxCoCrFeNi system [90]. In the present 
work, the Al0.85 alloy is kept at this temperature range for more than an hour during HIP 
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processing. Thus it seems likely that the slow cooling rate is a critical aspHFWRIWKHı-phase 
formation in the present case. The effect of cooling rate on the microstructural evolution and 
the mechanical behaviour of the Al0.85 alloy after solutionising at high temperature was 
evaluated. )URP WKHVH UHVXOWV LW DSSHDUV WKDW WKH ı-phase formation in Al0.85 alloy can be 
attributed to the slow cooling rate associated with hot isostatic pressing. Based on the XRD 
and microstructural analyses from the samples cooled at different rates, an approximate time-
temperature-transformation curve IRUı-phase in the Al0.85 alloy is presented in Fig.6.30. The 
ı-phase was found to form in the temperature range from 600 ஈC to 960 ஈC in the case of the 
Al0.9CoCrFeNi alloy [90] and hence chosen DVı-phase boundaries.
 
 
Figure 6.30 Role of cooling rate on the formation of ı-phase and the time-temperature-
transformation curve of Al0.85 alloy, with dotted curve representing the arbitrary 
transformation curve IRUı-phase in the alloy. Different heat treatment processes including
furnace cooling (annealing), air cooling (homogenising) and water quenching after 
solutionising at 1200 ஈC for 3 hours were employed apart from HIP.
It is reported in the literature WKDW&UDFFHOHUDWHVWKHSUHFLSLWDWLRQRIı-phase in stainless steels 
[92, 262] 7KH ı-phase is formed from Cr-ULFK į-ferrite at temperatures above 600ஈC. The 
FKDQFHVRIIRUPDWLRQRIı-SKDVHLQȖ-DXVWHQLWHSKDVHLVOHVVZKHQFRPSDUHGWR&UULFKį-ferrite 
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due to the reduced mobility of Cr in in the FCC phase [263, 264]. Under regular ageing heat 
WUHDWPHQWRIVWDLQOHVVVWHHOVWKHIRUPDWLRQRIı-SKDVHIURPį-ferrite is not rapid and requires 
considerable amount of time [265]7KLVDFFRXQWVIRUWKHDEVHQFHRIWKHı-phase in the DLF
Al0.85 alloy, since the high solidification rates associated with the DLF fabrication route do not 
DOORZVXIILFLHQWWLPHIRUWKHı-phase to form. However, the slow cooling at the end of the HIP
SURFHVVDOORZVWKHIRUPDWLRQRIWKHı-phase. A previous study on Al0.9CoCrFeNi alloy showed 
WKDWWKHı-phase was found to form in the temperature range of 873 K to 1235 K [90], and in 
the present process, the Al0.85 alloy is in this temperature range for more than an hour during 
HIP processing. Even the slow furnace cooling removed ı-phase formed as a result of HIP and 
thus it seems likely that the slow cooling rate is a critical aspect RIWKHı-phase formation in the 
present case. 
Another significant observation was the difference in the constituent phases in the DLF and the 
AM Al0.85 alloy. The DLF alloy after various heat treatment operations had B2 particles rich in 
Ni, Al and Co dispersed in the BCC matrix enriched in Fe, Cr and Co, Fig. 6.25 and 6.27(a).
In contrast, the AM Al0.85 alloy after heat treatment had plate shaped FCC phase in addition to 
the BCC and B2 phases, Fig. 6.26 and 6.27(b) and was consistent with the literature [26, 45,
90, 117]. It is proposed in the literature that the ı-phase and the FCC phase formed directly 
from the disordered BCC phase rich in Fe and Cr in the arc-melted Al0.9CoCrFeNi alloy after 
ageing at 1173 K/2 hours followed by water quenching [90], where the Cr diffuses from the 
disordered BCC phase to form ı-phase and the Cr depleted region transformed to FCC phase 
[266]. A recent study on arc-melted AlCoCrFeNi showed the presence of ı-phase and FCC 
phase after the alloy was subjected to hot isostatic pressing followed by a homogenisation heat 
treatment [117]. Even the equilibrium phase diagram in the literature predicted the formation 
of FCC phase [91]. In the present case, the Al0.85 DOOR\KDGı-phase after hot isostatic pressing 
but was dissolved completely by the subsequent heat treatment operations. The reasons for the 
absence of the FCC phase in the laser fabricated Al0.85 alloy sample after heat treatment is not 
very clear. This might be attributed to the difference in the size and morphology of particles 
between the processing routes [235] and the better intermixing of the constituent elements 
during laser fabrication as a consequence of the very low enthalpy of mixing among the atomic 
pairs in the alloy system [25, 238, 239].
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6.4.2.Mechanical behaviour
The DLF Al0.3 alloy retained its columnar grain structure after HIP, but a reduction in the yield 
strength and work hardening behaviour of the alloy after HIP was observed. HIP was found to 
dissolve the grain boundary phases in DLF Al0.3 alloy, and this may have reduced the yield 
point. It is also possible that a small amount of grain growth may have occurred during HIP 
which could have also slightly reduced the flow stress. The lack of work hardening behaviour 
of the DLF Al0.3 alloy in tensile loading might be attributed to the strong <001> texture which 
favour slip over twinning. In contrast, DLF/HIP Al0.3 alloy showed excellent work hardening 
as a result of mechanical twinning. This might be due to the extended tensile plasticity in the 
DLF/HIP Al0.3 alloy (true strain of 0.6) as a result of the dissolution of grain boundary 
precipitates in the DLF Al0.3 alloy by HIP. The tensile failure of the DLF Al0.3 alloy was due 
to the cracking along the columnar grain boundaries with grain boundary segregations at a true 
strain of 0.38 and the DLF/HIP Al0.3 alloy failed by necking at a true strain of 0.6. Also few 
grains of the DLF/HIP Al0.3 alloy showed grain orientations other than (001) (Fig. 6.2(b-c)), 
and twinning may have originated in these grains. However the volume fraction of twins in the 
tensile deformed DLF/HIP Al0.3 alloy (8%) at a true strain of 0.60 was lower compared to 
compression deformed DLF (Fig. 4.13) and DLF/HIP (Fig. 6.8) Al0.3 alloy specimens at same 
strain level.
The DLF Al0.6 alloy showed a markedly different microstructure after HIP compared to the as-
deposited condition, although there was very little difference in the compressive flow stress 
between these two conditions. The FCC phase was coarsened by the HIP processing which 
resulted in the softening of the material. However, the BCC phase was redistributed by HIP to 
form fine plate shaped precipitates throughout the matrix and coarse precipitates along the grain 
boundaries, which may have a hardening effect. From the compression test data, it seems that 
these two factors effectively counteract, and the result is an extremely similar yield strength 
and flow stress in both sample conditions. The DLF/HIP Al0.6 alloy sample did exhibit an 
improved compressive ductility compared to the as-deposited condition, and this is likely to be 
due to improved microstructural homogeneity and the distribution of fine plate shaped B2 
particles in the FCC matrix. A schematic representation of the fracture of the DLF/HIP Al0.6
alloy is given in Fig. 6.31. Since FCC is the softer phase in the Al0.6 alloy, initial plastic 
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deformation is assumed to originate in the FCC phase and once plastic deformation occurs, the 
FCC phase work hardens and its flow strength can reach the yield strength of the B2 phase, at 
which point plastic deformation occurs in both phases. With further increase in tensile loading, 
the FCC matrix undergo further deformation, whereas the B2 phase fractures into segments,
Fig. 6.31(b), and these cracks in the B2 phase extend locally into the FCC phase, Fig. 6.31(c). 
When the stress in the FCC phase reaches the ultimate stress, the alloy fails. Even though the 
crack propagation was found to be perpendicular to the tensile loading direction on a 
macroscopic scale, Fig. 6.14(b), the crack did not propagate straight through the sample, Fig. 
6.31(e). The crack took an irregular path along the FCC/B2 interfaces, indicating the deflection 
and blunting of the crack by the ductile FCC phase. Even though B2 phase (Ni, Al) exhibit 
limited ductility, and evidences of secondary cracks were observed in the HIP-ed alloy, Fig. 
6.31(e), the alloy exhibited a tensile plasticity close to a true strain of 0.10. This was attributed 
to the blunting of cracks and crack bridging by the ductile FCC phase.
Figure 6.31 Schematic of (a–d) different stages of the deformation of DLF/HIP Al0.6
alloy with progressive increase in load under tension, with load along vertical direction (crack 
is nucleated in B2 phase (b), propagated into the FCC phase (c) and leads to final failure (d))
and (e) microstructure of the failed tensile specimen close to fracture surface.
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The DLF/HIP Al0.6 alloy exhibited excellent mechanical behaviour under compressive loading 
with a true strain to failure of 0.74. The FCC phase of the alloy showed evidence of mechanical 
twinning, Fig. 6.16(a) and the hard B2 phase showed slip activity, Fig. 6.16(b). Also it was 
observed that the hard B2 phase of the alloy exhibited progressive ductile bending with 
compressive loading, Fig. 6.32. The microstructure of the compression deformed DLF/HIP 
Al0.6 alloy at true strains of 0.2 (Fig. 6.32(c)), 0.5 (Fig. 6.32(d)) and 0.74 (Fig. 6.32(e)) showed 
the progressive increase in the bending of the B2 phase with increase in compressive strain.
 
Figure 6.32 (a) Compressive flow curves and the microstructures of HIP-ed Al0.6
alloy compressed to true strain of (b) 0, (c) 0.2, (d) 0.5 and (e) 0.75 with load along vertical 
direction.
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The Al0.85 alloy showed the GHYHORSPHQWRIWKHıSKDVHDQGSUHFLSLWDWHFRDUVHQLQJDIWHU+,3
The precipitation of ı-phase is one of the main reason for the deterioration of the mechanical 
properties of stainless steels [92]. This was also found to be true in the case of Al0.85, where 
premature failure of the HIP-ed sample was observed. This is attributed to the embrittling 
QDWXUHRIWKHıSKDVH[92].
6.5. Conclusions
The hot isostatic pressing of DLF AlxCoCrFeNi HEA system was performed for the first time, 
and the influence of this post-processing heat treatment on the microstructure and mechanical 
behaviour of these HEAs can be summarised as follows:
¾ The as-deposited and DLF/HIP Al0.3 alloy exhibited similar microstructural 
characteristics, but a reduced yield strength and strain hardening behaviour in 
compressive loading after HIP. However, HIP improved the tensile ductility and work 
hardening of DLF/HIP Al0.3 alloy compared to the as-deposited alloy. This has been 
attributed to the dissolution of grain boundary precipitates. 
¾ Despite having markedly different microstructures, the as-deposited and DLF/HIP Al0.6
specimens showed an improvement in ductility with very similar yield strength and 
work hardening behaviours in compressive loading. This is due to the balance between 
the softening effect from grain coarsening, and hardening effect of fine-scale 
precipitation. However, the early rupture of coarse grain boundary precipitates leads to 
a reduced tensile ductility in the DLF/HIP Al0.6 compared to the as-deposited alloy. The 
mechanical behaviour of the Al0.6 alloy under various loading conditions was found to 
be strongly influenced by the distribution, size and morphology of the B2 particles in 
the FCC matrix.
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¾ HIP processing of Al0.85 resulted in the coarsening of precipitates and development of 
WKHıSKDVH7KLVUHVXOWHGLQDVLJQLILFDQWGHWHULRUDWLRQRIPHFKDQLFDOSURSHUWLHVZLWK
the HIP processes specimens showing premature brittle fracture before the development 
of any plastic deformation.
¾ Specimens of HIP-ed Al0.85 alloy cooled at different rates demonstrated that fast cooling 
rates inhibit sigma phase formation, and confirmed that dissolution of the sigma phase 
results in a significant improvement in the ductility.
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Chapter 7 
General discussion
 
Additive manufacturing (DLF) followed by hot isostatic pressing was employed for the 
fabrication of AlxCoCrFeNi HEAs for the first time. The microstructural evolution and the 
mechanical properties of FCC, BCC and dual phase HEAs of AlxCoCrFeNi alloy system with 
varying aluminium concentration was studied in detail. The significant findings and 
contributions to the field are summarised as follows and discussed in detail in the following 
sections of this chapter:
¾ The progressive addition of aluminium transformed the lattice structure of the alloy 
system from FCC phase to BCC (spinodaly decomposed BCC+B2) phase through a
two phase structure (FCC+ spinodaly decomposed BCC). The solidification/cooling 
rate associated with the fabrication route and post processing treatments had a 
significant influence on the microstructure and the mechanical properties of HEAs. This 
is the first work that compared the significance of this aspect on the microstructural 
characteristics and mechanical (tensile and compressive) properties of FCC, BCC and 
dual phase AlxCoCrFeNi alloys (discussed in section 7.1). 
¾ This is the first study that examined the tensile and compressive properties of FCC, 
BCC and FCC/BCC dual phase alloys in the same work. This is also the first work that 
showed significant tension-compression asymmetry in the FCC, BCC and dual phase 
AlxCoCrFeNi alloys and explained the reasons (discussed in section 7.3). The 
mechanical properties of the HEAs are compared with the common engineering alloys 
in section 7.2.
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¾ Mechanical twinning was reported as the room temperature deformation mechanism of 
the FCC structured Al0.3CoCrFeNi alloy for the first time. The significance of 
mechanical twinning on the mechanical properties of the alloy is discussed in section 
7.4.
¾ The dual phase Al0.6CoCrFeNi alloy showed high strength and good ductility under 
tensile and compressive loading. However, the mechanical properties of the alloy was 
significantly influenced by the morphology and the distribution of the second phase 
particles and is discussed in section 7.5.
¾ The Al0.85CoCrFeNi alloy with spinodaly decomposed BCC structure (BCC+B2) 
showed very high strength and a true strain to failure of 0.245 under compressive 
loading. However, the alloy showed limited tensile ductility and the reasons for the 
compressive ductility of the alloy is discussed in the section 7.6. Also this is the first 
work on the deformation mechanism of the BCC HEA alloys and the Al0.85CoCrFeNi 
alloy found to deform by slip simLODUWRĮ-Fe.
7.1. Effect of Al concentration and processing route on the microstructure of 
AlxCoCrFeNi HEA system
 
In the present work, the addition of Al had a profound effect on the microstructure, grain 
morphology and phase evolution of the DLF AlxCoCrFeNi alloy system. When the Al 
concentration was less than mole fraction of 0.4, it was found to dissolve in solid solution and 
the alloy system showed a single phase FCC structure without any elemental segregation, Fig. 
4.6(a). The Al0.6 alloy consisted of FCC, BCC and B2 phases. The alloys with a higher 
concentration of Al (mole fraction greater than 0.7) such as Al0.85 had a spinodaly decomposed 
BCC + ordered B2 structure and was found to be consistent with high entropy alloys of similar 
chemical composition in the literature [73, 88].
 
Page | 227
 
The application of HEAs to commercial products is limited by the availability of an effective 
fabrication route to produce components for engineering applications. Processing routes such 
as vacuum arc melting (AM) are typically used for the fabrication of HEAs, but these cannot 
be made into complex shapes. Consequently, direct laser fabrication (DLF) was chosen as an 
experimental method to produce HEA’s. It was found that DLF was a feasible fabrication route 
for production of multi-component high entropy alloys with excellent microstructural 
homogeneity. From the present work, it is clear that the DLF induced a bulk chemical 
homogeneity in the HEAs with one melting cycle, similar to AM with numerous (five) 
remelting cycles. Also DLF induced superior microstructural characteristics in the HEAs 
compared to the dendritic structure in the AM HEAs, owing to the rapid solidification 
conditions associated with the process [235]. It has been previously reported that the arc melted
AlxCoCrFeNi HEAs have a composite BCC+B2 structure only when the mole fraction of Al 
was more than 0.85 [26] compared to 0.7 in case of DLF HEAs in the present work. As
discussed in section 4.3.1 in the present work, it can be presumed that the solidification rates 
associated with the DLF and AM routes induced non-equilibrium phases in the alloy system, 
compared to the equilibrium phase diagram of the AlxCoCrFeNi alloy system available in the 
literature [91].  
The Al0.3 alloy with a FCC structure exhibited columnar microstructures in DLF and AM. The 
evolution of the columnar grained structure in the FCC Al0.3 alloy was explained in terms of 
the rapid heat extraction from the melt owing to the good thermal conductivity of the alloy 
[45], irrespective of the difference in the solidification rates associated with the fabrication 
route and the post-processing technique. There was a marked difference in the microstructure 
of the Al0.6 alloy by DLF and AM. The laser fabrication route with rapid solidification 
conditions induced a fine Widmanstätten grain structure with plates having an average 
thickness of 8 ȝm. Vacuum arc-melting led to a coarse dendritic structure with the BCC phase 
in the inter-dendritic regions. It has been proposed that the inferior thermal conductivity of the 
dual phase AlxCoCrFeNi HEA [45] might resulted in the formation of a dendritic structure at 
low cooling rates and a Widmanstätten grain structure for rapid solidification conditions.
Comparing the microstructure of Al0.85 alloy produced by DLF and AM, it was found that the 
grain structure and morphology of the BCC particles displayed differences. The particles were 
finer in the case of the AM samples compared to the DLF samples and this difference in size 
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is likely to be associated with an annealing effect caused by the heat input of successive layers
of deposition in the DLF technique.
 
Due to the presence of large number of constituent elements with different physical/chemical 
properties, the as-cast structure of the vacuum arc melted HEAs system is prone to serious 
casting defects including elemental segregations and porosity [205]. Even though DLF induced 
excellent bulk chemical homogegeity, the HEAs showed non-equilibrium phases and low 
volume fraction of grain boundary segregations in the as-deposited conditions. In order to 
eliminate the casting defects, hot isostatic pressing (HIP) and heat treatment techniques were 
employed to examine the effects on microstructure and properties. The DLF Al0.3 alloy retained
its columnar grain structure after HIP, which also resulted in the reduction of porosity and the 
dissolution of grain boundary precipitates. HIP of the DLF Al0.6 alloy sample resulted in the 
transformation of microstructure from a Widmanstätten grain structure in the as-deposited
condition to a dendritic structure with the FCC phase in the dendritic region and the BCC phase 
in the inter-dendritic region as well as in the FCC phase as fine precipitates. In the case of the 
Al0.85 alloy produced by DLF, HIP resulted in the coarsening of the BCC particles along with 
WKHSUHFLSLWDWLRQRIı-phase at the grain boundaries. Sigma phase formation was found to be 
highly detrimental to the PHFKDQLFDOSURSHUWLHV+RZHYHU WKLVı-phase can be dissolved by 
further heat treatments, with a strong sensitivity to cooling rate being observed in this alloy, 
Fig. 6.30. Therefore, it can be concluded that the slow cooling of the Al0.85 alloy sample from 
KLJKWHPSHUDWXUHVZLOOUHVXOWLQWKHIRUPDWLRQRILQWHUPHWDOOLFı-phase, whereas the fast cooling 
as in furnace cooling or air cooling eliminated the chances of formation of ı-phase.  
 
 
7.2. Benchmarking compressive and tensile properties of HEAs with 
common engineering alloys
 
The Al0.3, Al0.6 and Al0.85 alloy in this work showed excellent compressive work hardening 
behaviour, especially the Al0.3 alloy which exhibited excellent compressive ductility. A series 
of common engineering FCC structured alloys such as Inconel 600, TWIP steel, Hadfield steel 
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and 316 stainless steel were selected to compare the compressive properties of Al0.3 alloy in 
particular and also the other HEAs of focus in this study (Fig. 7.1).
Even though the Al0.3 alloy showed a yield strength of 194 MPa, it possessed a superior work 
hardening behaviour with prolific twinning and did not fail even at a true strain of 1.0. The 
Al0.3 alloy had similar work hardening rate as AISI 316 stainless steel, but the yield strength of 
the 316 SS alloy (280 MPa) was higher than the Al0.3 alloy. Both the Al0.3 alloy and 316 SS did 
not fail at a true strain of 1.0 and showed a similar strength of 1400 MPa at this strain. The as-
deposited DLF Al0.3 alloy had better compressive properties compared to DLF/HIP Al0.3 alloy.
The TWIP steel showed a similar yield strength (200 MPa) as that of the Al0.3 alloy, but 
exhibited superior work hardening behaviour and failed at a true strain of 0.45 with an ultimate 
compressive strength of 1300 MPa. The compressive properties of the DLF/HIP Al0.6 alloy was 
comparable to Inconel 600 and Hadfield steel with all the three alloys showing a yield strength 
of 400 MPa. The compressive strength of the DLF/HIP Al0.6 alloy was higher than the AM and 
DLF Al0.6 alloy. The DLF/HIP Al0.6 alloy and Inconel 600 showed similar compressive strength 
and strain to failure of 1500 MPa and 0.74 respectively. The Hadfield steel showed a 
compressive strength and strain to failure of 1850 MPa and 0.8 respectively. The exceptional 
combination of a yield strength, ultimate strength and strain to failure of 1400 MPa, 2200 MPa 
and 0.245 of the Al0.85 alloy in compression was higher than all other alloys compared in Fig. 
7.1. The strength of the Al0.85 alloy was comparable to intermetallic NiAl [253] and bulk
metallic glasses [254], but showed a higher compressive ductility.
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 Figure 7.1 Comparison of the compressive properties of AlxCoCrFeNi alloys with common 
engineering alloys.
The tensile properties of the AlxCoCrFeNi alloys were plotted on the Ashby map, and 
compared with conventional alloys, Fig. 7.2. The tensile elongation (engineering strain of 80%)
and ultimate tensile strength (700 MPa) of the DLF/HIP Al0.3 alloy was found to be superior to 
other conventional alloys including HSLA, TWIP and DP steels. Even though the DLF Al0.3
alloy showed superior compressive properties than the DLF/HIP Al0.3 alloy, the tensile strength 
and ductility of the DLF/HIP Al0.3 alloy was higher than the as-deposited alloy (Figs. 4.12 and 
6.7). The DLF Al0.6 alloy had a high tensile strength of 920 MPa with a reasonable ductility of 
0.27 and was better than the ductility of DLF/HIP Al0.6 alloy with a true strain to failure of 0.1 
(Figs. 4.16 and 6.15). The tensile strength and ductility of the DLF Al0.6 alloy was higher than 
HSLA, TRIP and DP steels. Even though the Al0.85 alloy had high strength, it exhibited brittle 
fracture and was consistent with similar HEAs (such as AlCoCrFeNi) in the literature [39, 117].
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Figure 7.2 Ashby chart with fracture elongation in tension as a function of the ultimate tensile 
strength for steels: comparison of mechanical properties of Alx alloys with conventional 
alloys.
7.3. Understanding the tension/compression asymmetry in HEAs
Most of the conventional ductile materials such as Al-alloys, Ti-alloys or steel exhibit similar 
mechanical properties under tensile and compressive loading and the properties are uniform in 
all directions [267, 268]. However some materials show significant asymmetry in the 
mechanical properties measured in tension compared to compression. For example, ultrafine-
grained and nano-crystalline materials showed large tension-compression asymmetry,
exhibiting excellent plasticity in compression with very low strain hardening rate [269, 270],
but lead to necking at the yield stress under tensile loading with low tensile ductility due to the 
low strain hardening rate [271, 272]. The nano/ultrafine grained materials undergo plastic 
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deformation by means of grain boundary activities such as grain boundary sliding and grain 
rotation [131, 132], Fig. 7.3.
Figure 7.3 Deformation mechanism map for ultra-fine grained materials and the dependence 
of yield strength and tension-compression asymmetry on grain size [132].
 
 
Other alloy systems such as Mg-alloys [137, 273, 274] and alloy steels such as TWIP and 
Hadfield steels [145, 275] exhibit tension/compression asymmetry owing to the dependence of 
mechanical properties on factors such as initial texture [142, 276-278], grain size [144], grain 
orientation [149] and polar nature of deformation activities such as mechanical twinning [142].
Another example is bulk metallic glasses with an amorphous structure that shows significant 
tension compression asymmetry and deform by the nucleation and propogation of shear bands 
starts along the maximum shear stress plane (typically 45° to the loading axis) until failure 
during compressive loading [279]. However, the opening stress on the shear band during tensile 
loading leads to strain softening and catastrophic failure with zero plasticity [280] and hence 
significant tension compression asymmetry in strength and plasticity [281]. Similar 
deformation behaviour was also observed in ceramics with strong ionic/covalent bonding,
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where shear deformation is extremely difficult under tensile loading, causing fracture normal 
to the loading direction and deform by propogation of shear bands with shear fracture angle 
close to 45° in compression [268]. A summary of the strength asymmetry of conventional 
materials under tensile and compressive loading is presented in [268] and is shown in Fig. 7.4.
The conventional Al-, T- and Fe- based metallic alloys showed similar mechanical properties 
under tensile and compressive loading, but the materials with ordered or intermetallic phases 
(such as B2 phase in the Al0.6 and Al0.85 alloys) exhibit large differences in the tensile and 
compressive properties. A detailed literature survey on the tension/compression asymmetry of 
various alloy systems along with HEAs is presented in the section 2.3.3.
 
 
Figure 7.4 Normalised tensile strength and normalised compressive strength of various 
engineering materials (UFG- ultra fine grained, NC- nanocrystalline, MG- metallic glass and 
MGC- metallic glass composites) [268].
 
 
The ratio (compressive to tensile) of strength and ductility of various materials including high 
entropy alloys are plotted in Fig. 7.5. The DLF Al0.3 alloy exhibited large asymmetry in the 
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work hardening behaviour under tensile and compressive loading, with similar yield strength. 
The excellent work hardening in compression was attributed to the profuse twinning. The 
inferior work hardening of the as-deposited sample under tensile loading was attributed to the 
strong initial <001> texture, which resulted in the deformation of the alloy by cross-slip, Fig. 
4.14(b), rather than twinning. The fracture of the alloy at a tensile true strain of ~0.40 was 
attributed to the grain boundary segregations, Fig. 4.7, which acted as crack nucleation sites 
and the failure occurred along the grain boundary, Fig. 4.11. However, the post processing by
HIP removed the grain boundary phases and the HIP-ed alloy had reduced tension/compression 
asymmetry (Fig. 6.7).
 
The tension/compression asymmetry in strength and ductility of Al0.6 alloy and Al0.85 alloy was 
significantly influenced by the morphology and distribution of the second phase particles. The 
tensile properties of dual phase Al0.6 alloy was found to be similar to the tensile properties of 
other dual phase alloys in the literature with similar microstructural characteristics such as Ni-
20Al-30Fe [245], exhibiting transgranular cleavage in the B2 phase and dimple fracture in the 
FCC phase. Even though HIP improved the compressive properties of the DLF Al0.6 alloy, it 
reduced the tensile plasticity of the alloy from a true strain of 0.27 in as-deposited condition to 
0.10 after HIP. The reduced tensile plasticity in the HIP-ed alloy was attributed to the early 
rupture of coarse B2 phase in the interdendritic regions, Fig. 6.31. But this phase exhibited 
ductile bending under compressive loading, Fig. 6.32, and with the aid of profuse twinning in 
the FCC phase, the alloy exhibited superior mechanical behaviour (Fig. 6.16).
It was observed in the literature that the ductility of the B2 alloys and bulk metallic glasses can 
be improved by the dispersion of ductile phases in the matrix [251, 253]. But the enhancement 
of tensile ductility in these composite systems depended on the cleavage strength and shear 
strength of the hard phase, where a large difference between cleavage and shear strength 
resulted in greater ductility [253]. Some of the composite systems such as Ti60Cu14Ni12Sn4Nb10
[251] and Ni-Fe-Al with B2 structure [253] exhibited similar level of tension-compression 
asymmetry in strength and ductility as that of the Al0.85 alloy in the present work, Fig. 7.6. This 
is therefore consistent with the universal fracture criteria which proposes that a low YDOXHRIĮ
(< UHVXOWHGLQVKHDUIUDFWXUHDQGKLJKYDOXHVRIĮ> 0.707) resulted in cleavage fracture,
ZKHUHĮLVWKHUDWLRRIVKHDUVWUHQJWKWRFOHDYDJHVWUHQJWKRIWKHPDWHULDO [282].
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Figure 7.5 Tension/compression asymmetry in ultimate strength and plasticity of HEAs and 
conventional engineering alloy systems (Ti- or Zr (BMGs) bulk metallic glass composites 
[251], Al0.5CoCrCuFeNi [100], AlCoCrCuFeNi [39, 78], B2 alloys with ductile phases [253]
and concrete [268] showing significant tension/compression asymmetry).
Considering Al0.85 alloy, despite the high volume fraction of precipitates, surface slip line 
analysis revealed that the slip traces do not deviate in between or around the particles. Instead
the alloy showed excellent plasticity under compressive loading and exhibited a shear fracture 
angle of ~45ஈ, Fig. 7.6. However, the alloy exhibited brittle fracture under tensile loading and 
failed in a brittle fracture mode normal to the tensile axis, which might be attributed to the poor 
interfacial energy between the phases and the opening of the voids at the interface and the 
resultant phase separation, Fig. 4.27. Thus the alloy exhibited an unusual tension/compression 
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asymmetry in ductility with a true strain to failure of 0.245 in compression and almost brittle 
failure in tension. The cleavage strength (tensile strength) of the alloy was found to be ~ 900 
MPa and shear strength (half of the fracture stress) of ~1100 MPa. According to the universal 
fracture criteria for high strength materials, if cleavage strength is less than the critical resolved 
shear strength of the material, the material prefers cleavage fracture over shear fracture under 
tensile loading, and results in a large tension-compression asymmetry in ductility and strength 
[268, 282]. This was found to be true in the case of the Al0.85 alloy, where the cleavage strength 
of the alloy was significantly lower than the shear strength and resulted in cleavage fracture 
without any signs of ductility. This was found to be consistent with other alloy systems in the 
literature such as bulk metallic glass composites and Ni-Fe-Al alloys, where the shear strength 
was more than the cleavage strength [251, 253]. In order to impart better tensile ductility in the 
system, the alloy has to be re-engineered in such a way that the cleavage strength of the alloy 
should be significantly higher than the critical resolved shear strength.
(a) Compressive                   (b) Tensile
Figure 7.6 Schematic representation of fracture mode in Al0.85 alloy under (a) compressive 
and (b) tensile loading. 
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 7.4. Significance of twinning on the mechanical behaviour of Al0.3 alloy
 
The Al0.3 alloy has a FCC structure and was found to have excellent compressive ductility and 
a sustained work hardening rate (WHR) [211, 235]. Microstructural analysis revealed a strong 
<001> fibre texture in the elongated grains of the DLF alloy along the direction of deposition.
The loading axis of the compressive and tensile samples were parallel to the direction of 
deposition. In that case, the <001> directions are well oriented for twinning in compression, 
but poorly oriented for twinning in tension. This was analogous to the mechanical twins in 
TWIP (twinning induced plasticity) steels  [140] and Hadfield [145] VWHHOVZKHUHWKHȈWZLQV
are activated during compression along <001> at room temperature. However this same 
orientation deforms primarily by slip in tension owing to the polar nature of twinning.
 
Even though the DLF alloy in the as-deposited condition showed similar yield characteristics 
in tensile loading compared to compressive loading, it exhibited minimal work hardening and 
the early failure under might be attributed to the precipitates along the grain boundaries owing 
to the solidification parameters of the fabrication route. The HIP treatment dissolved all these 
grain boundary precipitates and extended the tensile plasticity of DLF Al0.3 alloy along with 
the observation of twinning in the tensile deformed specimen. Even though the EBSD map of 
DLF/HIP Al0.3 alloy (Fig. 6.2) showed few grains with orientations different from <001> 
direction, it is unclear whether twinning was originated in these grains during tensile loading
or the deformation at higher strains (true strain of 0.6) have nucleated twinning in the FCC 
matrix. Thus the mechanical properties of Al0.3 alloys strongly depended on processing 
conditions and grain orientation similar to other works on Al0.3CoCrFeNi HEA in the literature
[10, 111].
 
All of the observed twin fraction data for the FCC alloys deformed to varying strain levels has 
been collated (Fig. 7.7). The EBSD analysis indicated no evidence of twinning was observed 
at a compressive true strain of 0.20 and observed that the volume fraction of twins increased 
with compressive strain, having an approximate volume fraction of 7% and 36% after strains 
of 0.35 and 1.0 respectively in the as-deposited condition. In tension, however, there was no 
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indication of twinning at any strain level in the DLF sample. Even though the tensile sample 
of the alloy after HIP had excellent true strain to failure of ~0.60, the volume fraction of twins 
were found to be similar to the as-deposited samples in compression at similar stress levels. 
The linear fitting of the curve (R2~0.99) gives a value of 500 MPa for the nucleation of the 
mechanical twins in the alloy. A line of best fit for this data is shown in Fig. 7.7, and it can be 
seen that the linear fitting intercepts the horizontal axis at 500 MPa.
 
 
 
Figure 7.7 Volume fraction of twins in DLF and DLF/HIP Al0.3 alloy under tensile and 
compressive loading at various strain levels.
The absence of twinning in the DLF Al0.3 tensile samples and the samples tested to a strain of 
0.2, indicates that in those cases the minimum stress required to initiate twinning was not 
attained. The DLF Al0.3 alloy had large columnar grains DYHUDJHOHQJWKRIȝPDQGDQ
DYHUDJHZLGWKRIȝPZLWKDVWURQg <001> texture. The average Schmid factor (defined in 
section 2.3.4) for the as-deposited alloy with columnar structure was evaluated with the aid of 
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HKL Channel 5 software and was found to be ~0.48. The Schmid factor and the measured 
stress can be used to determine the shear stress acting on a particular crystal plane, and in the 
present case the folloing relationship was used [148]:
CRSStwinning  ıinitiation * Schmid factor
= 500 * 0.48
= 240 MPa
Where CRSStwinning LVWKHFULWLFDOUHVROYHGVKHDUVWUHVVIRUWZLQQLQJDQGıinitiation is the stress 
required to nucleate twinning (from Fig. 7.7). It was observed in the literature that the Schmid 
factor for slip is the same in tension and compression, where as it is different for twinning [142,
145]. The deformation mode with the highest Schmid factor for a given crystallographic 
orientation is the preferred deformation mode [145]. The Schmid factor for different 
deformation modes are summarised in Table 7.1, and it was found that the Schmid factor for 
twinning (0.47) was higher in grains with a [001] orientation under compression than a Schmid 
factor occurring for slip (0.41). However, the Schmid factor for slip is higher than twinning in 
grains with [001] orientation under tensile loading.  Hence twinning is the primary deformation 
in the grains with [001] orientation [150] under compressive loading, and the same grains 
deform by slip under tensile loading [140]. This was found to be true in the case of DLF- Al0.3
alloy with strong <001> texture in the as-deposited conditions.
Table 7.1 Schmid factor for slip and twinning under tensile and compressive loading for 
various crystallographic orientations [145].
 
Schmid factor
Axis Tensile CompressiveSlip Twin Slip Twin
[001] 0.41 0.23 0.41 0.47
[111] 0.28 0.31 0.28 0.16
[123] 0.46 0.47 0.46 0.34
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The work hardening rate of the DLF, AM and DLF/HIP Al0.3 alloy is outlined in Fig. 7.8, and 
it was observed that the DLF, DLF/HIP and arc melted Al0.3 alloy showed similar work 
hardening behaviour. The initial stage up to a true strain of ~0.1 was found to be similar to the 
dynamic recovery regime of FCC alloys with slip dominated plastic deformation with 
minimum barrier to the dislocation mobility [283-285]. In case of the TWIP steels [140, 286,
287] there was an increase in the global dislocation density in the system with the flow stress 
and a large dislocation density was required for the nucleation and the progressive formation 
of mechanical twinning. Thus the increase in the work hardening rate between true strains of 
0.1 and 0.3 might be attributed to the increase in the dislocation density and the nucleation of 
mechanical twinning, and a similar trend was observed in alloys with low stacking fault energy 
[285, 288, 289]. The strain hardening rate peaks at a true strain of ~0.3 (True stress of 500 
MPa, Fig. 7.8(b)), which was found to be the stress required for the nucleation of mechanical 
twins in the alloy, Fig.7.8. Eventhough the Al0.3 alloy showed a progressive increase in the 
volume fraction of twins with increase in strain (Fig. 4.13), a decrease in the work hardening 
rate was observed after a true strain of 0.30. The compressive work hardening behaviour of the 
Al0.3 alloy was found to be similar to a recently reported work on arc melted Al0.1CoCrFeNi 
alloy with mechanical twinning as the main deformation mechanism [99].
(a)
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Figure 7.8 The work hardening rate of Al0.3 alloy as a function of (a) true strain and (b) true 
stress.
7.5. Significance of the size and morphology of the second phase particles 
(B2) on the mechanical properties of Al0.6 alloy
By comparing the mechanical properties of DLF, AM and DLF/HIP Al0.6 alloys, the 
mechanical behaviour of the alloy was found to be significantly influenced by the grain 
morphology and distribution of B2 phase in the FCC matrix. A recent work on the spark plasma
sintered Al0.6 alloy with nanocrystalline FCC/BCC structure showed a yield strength of 1870 
MPa and a plasticity of 10.8 % [290]. The Al0.6 alloy under all processing conditions in this 
work exhibited an excellent combination of strength and ductility, but with different work 
hardening rates. This was attributed to the difference in the distribution and the morphology of 
the second phase (B2) particles the Al0.6 alloy specimens, under various processing conditions.
The microstructure and the compressive flow curves of the Al0.6 alloy under various processing 
conditions is given in Figs. 7.9 and 7.10(a) respectively. The DLF alloy had a Widmanstätten 
grain structure, with FCC and BCC plates having an average thickness of 8 ȝm and hence less 
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inter-particle spacing in the matrix. The DLF alloy after HIP had a dendritic structure and the 
AM alloy had a coarse dendritic structure with large inter-particle spacing. The flow curves of 
the DLF, AM and DLF/HIP Al0.6 alloys under compression are given in Fig. 7.10(a). It was 
shown for a Ni-20Al-30Fe alloy having a two phase structure similar to Al0.6 alloy that if the 
spacing between the hard particle phases is increased, the dislocation mobility will be high and 
will result in low work-hardening [245]. This was found to be true in case of the AM Al0.6 alloy 
with low work hardening behaviour where the hard B2 phases were along the inter-dendritic 
region with large inter-particle spacing, Fig. 7.10 (b-c). The work hardening rate of the DLF-
Al0.6 alloy was the highest, owing to the Widmanstätten grain structure with small inter-particle 
spacing. The DLF/HIP Al0.6 alloy sample had an excellent combination of strength and ductility 
with B2 particles in the inter-dendritic regions and as precipitates in the FCC matrix. Also the 
Al0.6 alloy showed an oscillating work hardening rate with increase in compressive strain,
which may be due to an increase in the dislocation density at the interface of the soft FCC and 
hard B2 phases and the subsequent transfer of dislocations across the FCC/B2 interface. 
The Al0.6 alloy showed similar yield strength under tensile and compressive loading. However 
the DLF and DLF/HIP alloy showed reduced tensile ductility. The DLF and DLF/HIP Al0.6
alloys failed at a true strain of 0.27 and 0.1 respectively compared to a true strain to failure of 
0.48 and 0.74 respectively in compressive loading. The alloys with B2 structure such as NiAl
showed brittle fracture with limited tensile ductility [234]. The tensile fracture surface of the 
Al0.6 alloy other dual phase alloys (for example, Ni-20Al-30Fe) in literature with similar 
microstructural characteristics [245], exhibited cleavage fracture in the B2 phase and dimple 
fracture in the FCC phase. The reduced tensile ductility of the alloy may be attributed to the 
early rupture of the B2 phase enriched in Ni and Al. The mechanistic aspects of the failure of 
the Al0.6 alloy under tensile and compressive loading is explained in detain in sections 4.3.3 
and 6.4.2.    
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Figure 7.9 Microstructure of Al0.6 alloy by (a) DLF, (b) DLF/HIP and (c) AM.
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(a)
(b)
(b)
Figure 7.10 Plot showing the (a) flow curves under compression and the work hardening rate 
of DLF, AM and DLF/HIP Al0.6 alloy as a function of (b) true strain and (c) true stress.
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7.6. An understanding of the high compressive strain hardening behaviour 
of Al0.85 alloy 
 
The Al0.85 alloy had an unusual microstructure with a hard B2 matrix enriched in Ni, Al and 
Co, and soft BCC precipitates enriched in Fe, Cr and Co. This spinodaly decomposed BCC 
(BCC+ B2) structure had an extraordinary strength of ~1.4 GPa and a true strain to failure of 
0.24, and this might be due to the fine-scale modulated structure of the alloy and was found to 
be similar to other spinodal alloys [291, 292]. In the case of BCC spinodal alloys (BCC + B2) 
with microstructures similar to that of the Al0.85 alloy, the hardening effect was due to the 
difference in the mobility and the interaction of the dislocations among the constituent phases 
[250]. The excellent strength of the spinodaly decomposed alloys in the literature were 
attributed to the internal coherency strain, modulus variation between the phases owing to the 
fluctuation in chemical composition [96, 249, 293] and interfacial energy creation by 
dislocation motion [294]. This may also be true in the case of Al0.85 alloy.
The high strain hardening rate of the DLF, AM and DLF/HIP/heat treated Al0.85 alloy under 
compressive loading (Fig. 7.11) may be attributed to a higher level of strain incompatibility 
among the fine second phase BCC particles with varying grain sizes dispersed throughout the 
matrix phase. Similar to the Al0.6 alloy, the Al0.85 alloy also showed and oscillating work 
hardening rate with increase in strain during compressive deformation and may be due to the 
difference in the mobility and the interaction of the dislocations among the constituent phases 
(disordered BCC and B2). The B2 matrix and the disordered BCC particles of the Al0.85 alloy 
showed nanohardness values of 9.5 GPa and 5 GPa respectively, indicating a clear difference 
in the strength among the constituent phases (Fig. 4.20). The Fe-Cr-Co alloy with a similar 
chemical composition as that of the BCC particles in the Al0.85 alloy was found to have a yield 
strength of 300 MPa and exhibited a true strain of 0.45 before failure [249].  Even though the 
Ni-Al-Co alloys with similar composition as that of the matrix phase of the Al0.85 alloy had 
extremely high yield strength of ~1.5 GPa, it had a limited plasticity of 2% under compressive 
loading [295]. Thus it can be interpreted that the excellent mechanical behaviour of the Al0.85
alloy under compressive loading may be due to the improvement of plasticity of the hard Ni-
Al-Co matrix phase by the fine dispersion of the ductile Fe-Cr-Co BCC phase and was found 
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to be similar to the improvement of ductility of bulk metallic glasses [251, 254] and 
intermetallic B2 alloys [253, 296] with the dispersion of ductile phases in the matrix phase.
These ductile phases inhibits the nucleation and propagation of cracks in the brittle matrix 
phase and extended the plasticity of the alloy system by the transfer of mobile dislocations 
across the constituent phases, and the mechanistic aspects of the compressive plasticity in the 
Al0.85 alloy is explained in the section 4.3.3.
 
(a)
 
(b)
Figure 7.11 Plot showing the work hardening rate of Al0.85 alloy as a function of (a) true 
strain and (b) true stress.
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Chapter 8
Conclusions and Recommendations for Future work
 
8.1. Conclusions
DLF was found to be a suitable fabrication route for HEAs, and this process was used to study 
the effect of Al concentration on the microstructure and the mechanical properties of 
AlxCoCrFeNi system. The microstructure and mechanical properties were tested for a range of 
different alloys, and were compared to samples made by arc-melting to examine the effect of 
processing route. Finally, the effect of hot isostatic pressing on the microstructure and 
mechanical properties of the HEAs were examined. The main findings and conclusions from 
each chapter is summarised below.
Chapter 4 investigated the feasibility of DLF for the fabrication of bulk HEAs and assessed the 
mechanical properties in as produced condition. The main findings from this chapter include:
¾ The progressive addition of Al stabilised the BCC phase in the AlxCoCrFeNi alloy 
system and this was consistent with the literature. The system exhibited a single phase 
FCC structure for low Al concentrations (mole fraction less than 0.4). With a further 
increase in Al concentration the microstructure of the alloy developed into three phases: 
FCC, BCC and ordered BCC phase, probably B2 (mole fraction between 0.4 and 0.7).
Above an Al concentration of 0.7, the alloys had a two phase microstructure (spinodal 
decomposed BCC and B2).
¾ The FCC alloys of the AlxCoCrFeNi alloy system exhibited a columnar grain structure.
This can be attributed to the rapid solidification conditions of the fabrication route and 
high heat extraction from the melt, resulting in a strong directional solidification. 
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¾ The BCC alloys with a lower Al concentration (mole fraction <0.85) also had a 
columnar microstructure, but there was less of a transition in structure from columnar 
to equiaxed with increase in Al (mole fraction >1.2), owing to the reduced heat 
extraction rate. The reduction in thermal conductivity of the system with an increase in 
the amount of Al resulted in this phenomenon.
¾ The FCC/BCC dual phase Al0.6 alloy in the system exhibited equiaxed structure even
after rapid solidification conditions, owing to its inferior thermal conductivity.
¾ The rapid solidification conditions during the processing of high entropy alloys not only 
affect the grain size and morphology of the alloy, but also the phase evolution. In the 
case of the AlxCoCrFeNi alloy system, it was observed that the BCC phase is stabilized 
for a lower mole fraction of Al in the DLF samples (Al mole fraction of 0.7), compared 
to the arc-melted samples (Al mole fraction of 0.85) in the literature.
¾ The FCC- Al0.3 alloy exhibited a low yield strength of 194 MPa followed by an 
excellent work hardening behaviour. The room temperature deformation behaviour of 
the alloy can be well described by the mechanisms of dislocation slip and deformation 
twinning. The grain morphology and initial texture of the alloy was found to influence 
the mechanical behaviour of the alloy significantly under various loading conditions. 
Also a very high stress (a550 MPa) is required to initiate mechanical twinning in the 
alloy. The mechanical properties of the alloy was found to be analogous to TWIP steels.
¾ The DLF-Al0.3 alloy in as-deposited condition found to exhibit significant differences 
in its flow stress and plasticity in tension under tensile and compressive loading. The 
asymmetry in the work hardening behaviour between tension and compression is the 
result of the strong initial [001] crystallographic texture in the starting material 
combined with the activation of deformation twinning in this alloy during compressive 
loading. In the orientation that promotes deformation twinning, a high and sustained 
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work hardening rate is observed. This is not observed in tension, where twinning is not 
an operative deformation mode. The premature failure of the DLF-Al0.3 alloy tensile 
specimens due to cracking was observed along the columnar grain boundaries and was 
attributed to the grain boundary precipitates.
¾ The dual phase (FCC+BCC) Al0.6 alloy showed an excellent combination of strength 
and ductility. The mechanical behaviour of the alloy was found to be strongly 
influenced by the morphology and the distribution of the B2 phase in the FCC matrix. 
The excellent compressive ductility (true strain to failure of 0.48) of the alloy was 
attributed to the ease of slip nucleation and deformation of the hard B2 phase due to the 
dislocation activity in the ductile FCC phase. However, the reduced tensile ductility of 
the alloy may be due the early rupture of the hard B2 phase.
¾ The BCC- Al0.85 alloy exhibited very high strength and reasonably good ductility under 
compressive loading. But the alloy exhibited a brittle behaviour under tensile loading 
and hence exhibited significant tension-compression asymmetry in yield strength and 
work hardening behaviour.
¾ The excellent mechanical behaviour of the Al0.85 alloy under compressive loading might 
be due to the improvement of plasticity of the hard Ni-Al-Co matrix phase by the fine 
dispersion of ductile Fe-Cr-Co BCC phase. But during tensile loading, microvoids are 
likely to form at the interfaces of the hard B2 and soft BCC particles.  The coalescence 
of numerous microvoids into large cracks leads to brittle fracture. Also the cleavage 
strength of the alloy was less than the critical resolved shear strength, promoting 
cleavage fracture under tensile loading.
¾ The FCC phase of the AlxCoCrFeNi alloy system was found to deform by mechanical 
twinning and the BCC phase by slip. The transition in dislocation activity from 
twinning in FCC phase to slip in BCC phase might be attributed to the increase in Al 
concentration, which stabilised the BCC phase in the system.
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Chapter 5 compared the microstructure and mechanical properties of bulk HEAs with same 
chemical compositions, fabricated by DLF and arc melting. The main conclusions were:
¾ The Al0.3 FCC alloy was found to have similar microstructures and textures for the two 
different processing methods tested (DLF and arc melting). They both showed a 
columnar grain structure with a strong <001> fibre texture along the direction of 
solidification. 
¾ The dual phase Al0.6 alloy showed a dendritic structure after arc-melting, but a 
Widmanstätten structure after DLF. The difference in microstructure was attributed to 
the more rapid solidification conditions during DLF compared to arc-melting and the 
lower thermal conductivity of the alloy compared to the single phase alloys in the 
system.
¾ The Al0.85 BCC alloy produced by DLF had a columnar grain structure, whereas in the 
arc-melting sample, there was a transition in the grain structure from columnar to equi-
axed. The columnar grains in both cases showed a strong <001> fibre texture along the
direction of solidification. The difference in the microstructure was attributed to the 
difference in the solidification conditions associated with the processing routes.
¾ Coarsening of B2 precipitates in DLF dual phase Al0.6 and BCC- Al0.85 alloys compared 
to arc-melting has been observed, and is probably due to an annealing effect caused by 
the heat input of successive layer deposition in DLF.
¾ The mechanical properties of the Al0.3 and Al0.85 alloy samples produced by DLF were 
very similar to those produced by arc-melting, owing to similar microstructural 
characteristics for the two processing methods.
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¾ The Al0.6 alloy demonstrated similar yield strengths under DLF and AM. However, the 
alloy showed a significant difference in the work hardening behaviour. The higher 
strength in the DLF Al0.6 alloy was due to the Widmanstätten grain structure compared 
to the coarse dendritic structure of the AM Al0.6 alloy.
Chapter 6 studied the effect of hot isostatic pressing on the microstructure and mechanical 
properties of DLF HEAs and the conclusions can be summarised as:
¾ The DLF Al0.6 alloy exhibited better mechanical properties than the arc melted ones,
due to the process induced Widmanstätten structure after DLF with rapid solidification 
conditions compared to the dendritic structure in arc-melting.
¾ The DLF and DLF/HIP Al0.3 alloy exhibited similar microstructural characteristics, but 
a reduced yield strength and strain hardening behaviour after HIP. The tensile 
properties, especially the plasticity of the alloy was improved (from 0.38 in as-
deposited condition to 0.6 after HIP). This has been attributed to the dissolution of grain 
boundary precipitates and grain coarsening. 
¾ Despite having markedly different microstructures, the DLF and DLF/HIP Al0.6
specimens showed very similar yield strength and work hardening behaviours under 
compressive loading. This is due to the balance between the softening effect from grain 
coarsening, and the hardening effect of the fine-scale precipitation. An improvement in 
compressive ductility was observed after HIP, and has been attributed to chemical 
homogenisation. 
¾ The mechanical behaviour of the Al0.6 alloy under tensile loading conditions was found 
to be strongly influenced by the distribution, size and morphology of the B2 particles 
in the FCC matrix. The DLF Al0.6 alloy with Widmanstätten structure exhibited better 
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tensile plasticity of 0.27, but the DLF/HIP Al0.6 alloy failed at a true strain of 0.10. This 
might be attributed to the early rupture of coarse B2 phase in the interdendritic region
of the alloy after HIP.
¾ The spacing between the hard second phases of the Al0.6 alloy significantly influenced 
the work-hardening behaviour. The DLF and DLF/HIP alloy samples had fine particles 
distributed throughout the FCC matrix with small inter-particle spacing and exhibited 
superior work hardening, whereas the arc-melted alloy with coarse dendritic structure 
and large inter-particle spacing had inferior work hardening. The mechanical properties 
and the work hardening behaviour of the dual phase Al0.6 alloy was comparable to 
Inconel 600 and Hadfield steel.
¾ HIP processing of Al0.85 resulted in the coarsening of precipitates and development of 
WKHıSKDVH7KLVUHVXOWHGLQDVLJQLILFDQWGHWHULRUDWLRQRIPHFKDQLFDOSURSHUWLHVZLWK
the HIP processes specimens showing premature brittle fracture before the development 
of any plastic deformation.
¾ Specimens of DLF/HIP Al0.85 alloy cooled at different rates demonstrated that fast 
cooling rates inhibit sigma phase formation, and confirmed that dissolution of the sigma 
phase results in a significant improvement in the ductility.
 
 
8.2. Recommendations for future work
 
¾ The room temperature mechanical behaviour of the Al0.3 alloy with large columnar 
structure longitudinal to the direction of deposition was studied in detail in this work.
It has been demonstrated that the room temperature deformation behaviour of the alloy 
can be described by the existing philosophies of dislocation slip and deformation 
twinning. The work hardening behaviour of the alloy with an equi-axed structure in the 
literature was found to be different from the present work under tensile loading. It is 
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recommended that additional work should be done to obtain a fine grained structure in 
the alloy by varying the processing parameters such as laser power, scanning strategy 
and layer thickness, similar to other works in the literature on Ti- and Al- alloys [23,
196].  The fine grained or equiaxed structure in HEAs may also be induced by
employing suitable post-processing techniques (such as thermal or thermomechanical 
treatments) and study the mechanical behaviour of the same. The testing of mechanical 
properties of the DLF HEAs in other directions (such as normal to or inclined to)
relative to the direction of deposition is also recommended.
¾ The solidification parameters such as cooling rate significantly influenced the 
microstructure, grain morphology, phase distribution and mechanical properties of 
HEAs. It is highly recommended to monitor the temperature gradient in the melt pool, 
along and across the direction of deposition with the aid of techniques such as (high 
temperature) thermal imaging camera, and to adjust the processing parameters 
accordingly, so as to obtain the desired microstructure and mechanical properties in the 
HEAs.
¾ The present work was mainly focused on the microstructural evolution and the 
mechanical behaviour of the HEAs at room temperature. Few works in the literature 
showed the ability of the HEAs to retain its hardness values at very high temperatures. 
Further research is needed to explore the mechanical behaviour of the alloy system at 
higher temperatures, to make it suitable for high temperature structural applications.
¾ The mechanical properties of the (DLF, AM and DLF/HIP) Al0.6 alloy was found to be 
strongly influenced by the distribution of the hard B2 phase in the microstructure. Also 
the DLF Al0.6 alloy exhibited a Widmanstätten plate shaped grain morphology and 
possessed very good strength and ductility. Further research is recommended to achieve 
excellent tensile properties and precipitation hardenability in the Al0.6 alloy by properly 
adjusting the alloy chemistry (adding minor elements like Ti or Mo) and eliminating
the coarse inter-dendritic B2 phase (reason for reduced tensile ductility of the alloy).
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¾ The Al0.85 alloy had very good mechanical behaviour under compressive loading and
limited ductility under tensile loading. This was attributed to the hard B2 matrix with 
the dispersion of relatively soft BCC phase (52%) and poor interfacial energy between 
the constituent phases, Fig. 4.27. More studies have to be performed on the BCC alloys 
of the system with BCC phase (relatively soft) as the matrix phase with B2 precipitates
(hard) in order to achieve better mechanical behaviour with precipitation hardenability 
under tensile loading. FCC formation has been shown before to improve the tensile 
properties of arc melted (BCC/B2) AlCoCrFeNi alloy [117]. However, the formation 
of FCC phase was not observed in the DLF Al0.85 alloy after thermal treatments in this 
work. Further post processing (heat treatment) of DLF Al0.85 alloy at higher 
temperatures is recommended to observe the thermal stability of the alloy and the 
formation of FCC phase to improve the tensile ductility.
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